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I. INTRODUCTION 
The addition of small amounts of certain elements can reduce both 
the rate of oxidation and the saturation amount of oxide of iron or 
other ferrous materials. Oxidation-resistant alloys often contain a 
solute element which has a much greater affinity for oxygen than the 
solvent element. The solute oxide at high oxygen exposure usually has 
an oxidation rate constant that is several orders of magnitude lower 
than that of the solvent metal oxide [1]. The elements mainly utilized 
with iron are Si, Al, and Cr, all of which form ferritic alloys. 
There have been many experimental (conventional and/or with modern 
surface techniques) and theoretical attempts to understand the mechanism 
of oxidation resistance of these Fe-alloys, particularly recent studies 
of Fe-Si alloys [2-14] in various environments. Some [8,10,14] of them 
indicated that thick oxide formation is greatly inhibited by the 
addition of small amounts of Si. Alloys containing 17.9at% Si or more 
are known to be oxidized more slowly than a typical Cr203-forming alloy 
(Pe-46.6at% Cr) at high temperatures due to the formation of an Si02 
film [2], Unfortunately, there have been few studies for comparison 
and/or reference, which employ surface techniques on the oxidation 
protection by the solute element during the initial oxidation stage (up 
to a few hundred L) of Fe-Si alloys [4,11]. If we can access this Fe-Si 
alloy at its initial oxidation stage and make use of the earlier results 
on thick oxides, we may expect a better understanding of the distinct 
role and behavior of Si for oxidation protection, because the response 
of Si to oxidation is believed to occur at the early stages of the 
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oxidation process [2,5]. Alternatively, Si may have a totally different 
behavior due to a change in the environment for thin oxide formation. 
Polycrystalline Fe-8.75at% Si alloys were investigated at room 
temperature by various surface spectroscopies, i.e.. Auger electron 
spectroscopy (AES) (Including Ar+ depth profiling), electron energy loss 
spectroscopy (EELS), and X-ray induced photoelectron spectroscopy (XPS), 
during the Initial oxidation stages under very low oxygen pressure. 
The experiments performed for the polycrystal study include (1) 
scraping experiments to see if the surface concentration of Si on the 
alloy is Inherently different from that of the bulk, (11) AES, EELS, and 
XPS monitoring during both initial oxidation of pure Fe and Fe-Si, and 
Ar"*" or Xe+ etching back to the clean surfaces to determine the relative 
distribution of Si In the oxide and alloy, and (ill) various comparative 
experiments to identify oxidation states across a thin oxide layer. 
Since thin oxide film formation at low temperatures depends on 
rapidly changing systems under electrochemical driving forces where 
thermal diffusion is slow, low-temperature oxidation Is still a 
relatively virgin field of investigation. Advances are being made, 
however, particularly through carefully controlled oxidation of metal 
single crystals. It is well known (Refs. [15-18] for Fe) that surfaces 
of different crystallographic orientations have different oxidation 
behavior and this effect is marked at low temperatures [19]. The fast 
surface states resulting from the dangling bonds of the surface, i.e.. 
Interface-trapped charge, may be related to the quantity N, the number 
of potentially movable ions at the oxide Interface. The number of fast 
surface states should increase as the level of surface disorder (kink 
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sites, interstitials and grain boundaries) increases. Polycrystalline 
metals and semiconductors are expected to have a larger value of N than 
single crystals and metallic glasses [19]. Many of our studies on 
polycrystalline Fe-Si alloys were carried out on a single grain of 
unknown orientation to avoid the effects of grain boundaries in the 
alloy, but they may still be a large factor In the oxides. There have 
been few studies 14,11) of the initial stage of oxidation on single-
crystalline Fe-Si alloys, though there are many [20-28] for the surface 
segregation of Si and impurities. Therefore we are convinced that this 
study on single-crystalline alloys should offer a better elucidation on 
the initial oxidation stage of Fe-Si alloys. 
Fe-6.85at% Si (110) and (111) single crystal surfaces, and a (110) 
surface of pure Fe were investigated at room temperature by Auger 
electron spectroscopy (AES) and low energy electron diffraction (LEED) 
during the initial oxidation stages (up to 200 L of O2) under very low 
oxygen pressures, and by Ar+ AES depth profiling the oxidized surfaces 
back to the clean surface. The study of the intensity and shape of 
interatomic Fe and Si Auger transitions during the process of oxidation 
not only gives chemical information but can also be used for 
quantitative studies of adsorption and oxidation. The experiments 
performed for the single crystal study include (i) determination of the 
best annealing condition for each crystal to provide the cleanest single 
plane surface, (11) AES monitoring during both Initial oxidation of pure 
Fe and Fe-Si (110), the close-packed plane of bcc crystals, and Ar+ 
etching back to the clean surfaces to determine the relative 
distribution of Si in the oxide and alloy, and (iii) repetition on Fe-Si 
4 
(111) to see the effects of different crystallographic orientations on 
the initial oxidation behavior. 
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II. BACKGROUND 
A. Oxidation Theories of Metals and Alloys 
1. Metal oxidation theory 
We are concerned with all reactions between a metal and oxygen gas 
which produce a compound in the form of a thin film which acts as a 
dielectric or semiconducting barrier keeping the metal apart from the 
gas. Figure 1 illustrates the role of a planar, coherent (in the sense 
that the film is free of cracks and macroscopic pores) oxide film of 
thickness L(t) at time t in separating the parent metal from the 
attacking oxygen. Ionic and electronic particle currents and Jg 
yield respective charge currents ZjeJi and ZgeJg which sum to zero as a 
first approximation, as suggested under the name of the coupled-current 
condition by Fromhold [29], Dignam [30], and others, e is the 
electronic charge magnitude, and Zje and Zge are the charge per particle 
of the ionic and electronic transport species, respectively. 
I restrict a description of the theory of metal oxidation kinetics 
to the case of thin (less than a few tens of Â) oxide formation at low 
temperatures, which is relevant to my experimental conditions. This 
restriction relieves us from the complicated consideration of a space 
charge contribution and we can attack the problem in the homogeneous-
field limit. 
Once the metal surface is covered tightly with the coherent oxide 
film, additional chemical reaction usually requires diffusion of metal 
or oxygen atoms in the form of either interstitials or vacancies through 
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Fig. 1. Chemical reaction of parent metal with oxygen to form a 
coherent planar oxide layer separating metal from oxygen 
such that further reaction requires ionic and electronic 
transport currents through the layer 
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the oxide overlayer. When the diffusing species are charged particles 
like cation interstitials, cation vacancies, anion interstitials, anion 
vacancies, mobile electrons and mobile electron holes, a homogeneous 
electric field Eg» in addition to a concentration gradient within the 
oxide, sustains the oxide-film growth. Therefore, we have two driving 
forces for transport of the diffusing species in the film. 
If the magnitude of EQ is large (> ~ 10^ V/m) as in a thin oxide 
film less than a few tens of Â thick, the well-known linear diffusion 
equation may not be appropriate to deduce the particle currents 
responsible for continued growth of the oxide on the metal, but we 
should consider the problem by a transport equation describing nonlinear 
diffusion in the homogeneous-field limit. The current for each 
diffusing species s from a nonlinear diffusion transport equation in the 
homogeneous-field limit, which is derived on the basis of a hopping 
model [29] for conductivity instead of thermodynamic derivation, is 
j(s) = 2\i(s) expC-W^^^/kgT) sinh(Z^^^eEQa/kgT) x 
n(^ |) - nt^ ) expCZNZfsïeEga/kgT) 
1 - exp(2Nz(G)eEoa/kBT) 
In this hopping model, a defect jumps from the position of nrr pntpntinl 
minimum to the position of an adjacent potential minimum by a thermal 
excitation over the intervening potential barrier. The lattice is 
considered to consist of N potential barriers of equal height for 
the sth diffusing species, is a barrier attempt frequency of the 
sth species, n(s) and n(s) are two interfacial (metal-oxide and 
oxide-oxygen, respectively) areal densities (particles/cm^ in a plane 
normal to the direction of the current) of type s of diffusing 
particles, kg the Boltzmann constant, and T the absolute temperature. 
In continuum notation, n(?)/2a yields the corresponding bulk 
concentrations C(x), at the position x at the potential minimum, denoted 
by an index j, given by x = 2ja. Thus we obtain 
j(s) = 4a\^s) exp(-w(s)/kgT) sinh(z(s)eEoa/kBT) x 
C (L) - C (0)exp(z(s)eE„L/k T) 
X 7-T —] . (2) 
1 - exptzr^'eEoL/kBT) 
While the ionic species satisfy Eq. (2) (superscript (s) should be 
changed to subscript i to mean ionic species only), we should notice 
that the thermal excitation of electrons from the metal into the 
conduction band of the oxide may be unimportant for low-temperature 
oxidation. Electron penetration through the thin film therefore could 
be explained only in terms of the quantum-mechanical tunnel effect and 
the tunneling electron current Jg could be sufficiently large for thin 
oxide films less than a few tens of Â thick. The tunnel current may be 
calculated from the densities of states and the distribution functions 
(viz., energy level occupation probabilities) of the sources, and a 
knowledge of the potential-energy barrier of the insulator. The 
idealized energy level diagram of Figure 3 is appropriate for electron 
9 
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Fig. 2. Potential-energy diagram for diffusion of charged 
particles in a discrete lattice 
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tunneling. The potential-energy function U(x) is simply when we 
ignore image effects. The notation used In Figure 3 is; *o is the 
metal-vacuum work function, Xo the metal-oxide work function (energy 
difference between the conduction band in the oxide and the Fermi level 
in the metal), the difference between the vacuum potential and the 0" 
level in the adsorbed oxygen, the energy differnce between the 
conduction band in the oxide and the 0" level in the adsorbed oxygen, Gp 
the width of the filled portion of the conduction band in the metal, and 
the band gap in the oxide. The net electron tunnel current can be 
described by the difference between the forward current from metal to 
oxygen and the reverse current from the oxygen to the metal [29]. 
J = j(f) - j(r) (3) 
e e 
- j^Px ^#Me(G,Px)fMe(G)PAQx(e)dG 
- J^dpx J^2pjjm ^gox(G;P)fox(G)PAMe(G)dG , (4) 
where g^g and g^^ are density of states of, f^e and distribution 
functions of, and AQJJ the probability of finding an unpopulated 
level in the parent metal and adsorbed oxygen, respectively, and P the 
probability that an electron penetrates the potential barrier. When we 
make use of the approximation methods of Stratton [31] and Simmons [32], 
Eq. (4) is reduced to a relatively simple explicit expression. 
11 
Vacuum Potential 
Oxygen Oxide 
Fig. 3. Energy-level diagram for metal-oxide-oxygen system 
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Je = (4nhL2)-l[[2Xo - eVk}exp{-4nml/2h-lL(2Xb - eVj^)l/2} _ 
(2)^  + eVk)exp(-4nml/2hL(2XL + , (5) 
where = -EQL is the total (actual) electrostatic potential across the 
oxide film, which is called the kinetic potential for growing oxide 
films. 
At this point, the aforementioned coupled-currents approximation may 
be applied to determine the surface-charge field EQ (or electrostatic 
kinetic potential Vj^) as a function of film thickness L(t) and the 
various microscopic parameters of the system. This approximate kinetic 
condition can be expressed as 
where r is the total number of defect species transported through the 
film. The reason this kinetic condition Is closely approximated in real 
systems results from the development of very large surface-charge fields 
by small fractional monolayers of charged particles. Therefore, even 
though continuous adjustment of the electric field is required to 
maintain the kinetic condition as the film grows accompanying a 
deviation from the kinetic condition of zero-charge transport, the 
departures are still Insignificant so that the above approximation is 
maintained. In our case, Eq. (6) is reduced to 
gljZseJg = 0 ( 6 )  
^iQi^i + ZlgqgJg - 0 . (7) 
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A numerical method, such as Newton's method, can be used to obtain a 
solution. The kinetic potential (or surface-charge field) thus 
determined can be substituted into either of Eqs. (2) or (5) to obtain 
the growth rate 
where R is the volume of oxide formed for each particle. In the 
numerical evaluation of the growth-rate equation, the initial Jg is 
usually taken to be the ionic current, Eq. (2), when is within a few 
percent of the ionic equilibrium potential = -E(i)L(t). E(^) is 
^ r eq max max 
a maximum field magnitude which can be created by the diffusing ionic 
species and is the field which yields a zero value for the ionic 
current. Therefore, in this event, the electronic current, Eq. (5), 
should be used as Jg. 
The Integration of the growth-rate expression (8) 
yields the film thickness as a function of time. The Integration may be 
performed numerically by using a fourth-order Runge-Kutta scheme. The 
results [29] indicate electronic equilibrium predominates in the early 
phase of growth at low temperatures when Xo < so that the oxide 
growth rate can be limited by nonlinear diffusion of ions supported by a 
relatively large negative electrical contact potential between metal 
= RcJc(L) ( 8 )  
(9) 
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and adsorbed oxygen, which is defined by 
Vfj = e~^(Xo - )4j) = - «{"L) (10) 
(Mott-Cabrera theory [33]). In the later phase of growth, ionic 
equilibrium predominates whenever W < Xo> with the limitation of rate by 
the tunneling of electrons through the oxide aided by a positive 
electrical ionic equilibrium potential v(l), and the growth follows 
closely a logarithmic law (L(t) « ln(t)). The rather sharp transition 
between the two growth laws occurs at film thickness of the order of 20 
- 30 A. Finally, we introduce analytical approximations for the growth 
rates in some limiting cases. 
a. The early-stage growth rate This stage is first 
approximated to a good degree by the nonlinear ionic current expression 
of Eq. (2) with simply replaced by (the exact Mott-Cabrera growth 
kinetics), and the result is 
L(t) " (2m+l)Lcrit 
t/^crit " ^^L^;77^mlo^2( ï f j )  > » 
where 
Lcrit = l-ZieaV^/kfiTI 
tcrit - ^crlt'^'^ ' 
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Ci(L) - Ci(0)exp(-ZieVM/kBT) 
A = 4Ria\%exp(-Wi/kBT)[ i _ exp(-ZieVM/kBT) ^ ' 
and E2 Is the second-order exponential integral defined by 
E2(n) = jjy^exp(-ny)dy 
By further defining a universal thickness X = L(t)/L(,j.lt ® universal 
time T = (L/2)T/TCRIT, Eq. (11) becomes 
T = Xj^|QE2l(2m+l)/X] , (12) 
which is called a universal growth law [ 2 9 ] .  In the limit where = 0 
(EQ =0), by performing the integration of Eq. (9) simply, we can get 
the parabolic early-stage growth kinetics, 
L(t) « tl/2 . (13) 
b. The later-stage growth rate By substituting the constant -
v(l) for EoL(t) in Eq. (5) for the rate-limiting electron tunnel current 
and taking the transition point (L*, L*) as the point at which Vj^= 0.75 
v(l) [29], the expression (9) is reduced to a simple form, which shows 
eq 
that the growth law is almost a direct logarithmic function of time, 
L(t) = L^ln(exp(Lj/L^) + (A\(t - tg)/l/]) (14) 
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Fig. 4. Universal film thickness X versus universal time T for 
nonlinear diffusion current kinetics 
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where 
= (h/2n)[4m(2Xo - eV(l))]-l/2 
and 
a" = (2Xo -evO))/[4nh(Lg)2] . 
c. Processes at the first stage The reaction of oxygen with 
various metal surfaces at 300K has been found to occur In three stages 
[19,34,36,37]: (dissociative) chemisorption of oxygen, oxide island 
nucleation and lateral growth until coalescence, and slow thickening of 
the oxide film by transport of the reactive species through the film 
following a logarithmic law. The kinetics of the first stage can be 
described by [34,35] 
I = I" [(1 - 0) + e exp(- 1/X)] , (15) 
where I® Is the signal intensity of the clean metal substrate (peak 
heights in AES), I the observed signal intensity, X the electron escape 
depth in monolayers (ML), exp(-l/X) the attenuation factor of the 
substrate signal due to the coverage by one ML of oxygen atoms, and 9 
the oxygen coverage, given on the assumption of a Langmuirian 
chemisorption of oxygen (random adsorption), by [35,38-41] 
8 = 1  —  e x p ( — K L )  ,  (16-1)  
18 
with L designating the oxygen exposure and K a factor relating the 
oxygen impingement rate to the number of adsorption sites Nq (of the 
same order as the density of surface atoms in a substrate). The 
constant K is given by [41]: 
K , (16-2) 
(2nmkT)l/2No 
where m is the mass of the oxygen atom and kT is the thermal energy of 
the gas. Oxide islands grow possibly through a process of place 
exchange in which it is postulated that the ion image force reduces the 
activation energy for ion movement. The temperature is too low to 
activate thermal ion movement. The image force facilitates overcoming 
the activation energy required for place exchange by pulling 
simultaneously the anion toward the metal and the cation toward the 
oxide-gas Interface [36]. The equation which describes the lateral 
growth of oxide islands on a substrate covered with one ML of 
chemisorbed oxygen is given by [35,38-41] 
I = l'"{exp(-l/X) + [exp(-n/X) - exp(-l/X) 
X [1 - exp(-c(L-Lo)2)]) , (17) 
where n is the average thickness (in ML) of the islands taken as 
Independent of the reaction time since only lateral growth was 
considered. Then the coverage of the surface by oxide islands, 0qjj» 
given by 
0OJJ = 1 - exp(-c(L-Lo)2) , (18)  
where c Is a (temperature-dependent) constant related to the density of 
nuclei on the surface [38-41] and some other geometrical and 
therroodynamlcal parameters, and Lq the oxygen exposure at which the 
lateral growth starts. The average thickness of the Island is assumed 
to be constant, In other words, a defined number of oxide nuclei are 
assumed to appear simultaneously on the metal surface, forming oxide 
islands which only grow laterally up to coalescence. Regardless of some 
simplifying assumptions, which will not generally be accepted, the model 
described here accounts for, at least, the first order effects and may 
give a semiquantitative insight into the kinetics of oxide growth [35]. 
2. Theories of alloy oxidation and protection by alloying 
One of the main purposes of the alloying process Is to produce 
better oxidation-resistant alloys, but the understanding of alloy 
oxidation is more complex than that of pure metals. Therefore, many 
consider that there can not be a fundamental approach to the field of 
alloy oxidation due to its Inherent complexity and theory can not be 
used to make practical predictions. Nevertheless some relatively simple 
systems are amenable to theoretical analysis [42-44]. Although even the 
thermodynamic approach Is limited in the more complex alloy systems, 
ternary equilibrium studies associated with two metallic elements and 
oxygen have been sought in predicting the most likely to be oxidized, as 
well as the subsequent oxidation product. I confine myself to 
discussing only theoretical work pertinent to my experiments. 
20 
a. Selective oxidation By an appropriate adjustment of the 
oxidizing potential of the atmosphere the oxide products may consist of 
only those with dissociation pressures lower than the applied partial 
pressure of oxygen. The scale thus formed may protect a metal, at least 
temporarily, that oxidizes rapidly otherwise, particularly at low 
temperatures when it Is exposed to higher oxidizing potentials. Let's 
consider a model where element A alloyed with a more noble element B 
reacts with 0 to produce an oxide compound. Assuming the formation of a 
p-type oxide AO only and no internal oxidation, the diffusion-controlled 
growth of AO on the AB alloy, which is nearly an ideal solid solution, 
follows a parabolic law at a rate lower than that on the pure metal A, 
with a rate constant given by (45] 
1 -
k/ko , (19) 
1 - w 
where k and kg are the parabolic rate constants for AO growing on the 
alloy and pure A respectively, X is the mole fraction of A in the alloy 
at the alloy-oxide interface and Xgq is the mole fraction of A in the 
alloy that would be in equilibrium with AO at an applied pressure of 
oxygen, n is a constant which is determined by the defect equilibrium 
established locally within oxide AO (usually in the range of 3 to 6). 
To be effective in reducing the rate of oxidation, the more noble 
alloying element (B) must diffuse slowly in the alloy phase. 
Furthermore, it must not dissolve oxygen readily to sustain its 
effectiveness. 
21 
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b. Competing oxidation If B is not totally inert and for 
fairly high oxygen pressures, the kinetic processes may introduce B into 
the oxide phases. Let's examine the case in which p^^ < p^^ and k^Q < 
k^Q. That is, AO has a lower dissociation pressure than BO, but BO 
grows faster on pure B than AO grows on pure A. [46] for this 
competing oxidation was derived to be 
XA = (V/ZAMo)(nko/DAB)l/2 (20) 
where V is the volume per gram mole of alloy and/or oxide (in general, 
the molar volumes of metals and oxides are taken to be equal and 
independent of composition.), is the valence of the A ions, MQ is the 
atomic weight of oxygen, and DAB the interdiffusion constant of the 
alloy. The relative growth rates [46] of the composite scale on the 
alloys of initial composition of A, X^, and the volume fraction [46] of 
AO in the product layer are shown in Figure 6. 
c. Continuous external oxidation of less noble element If the 
oxygen diffusion coefficient in the alloy, DQ, is much greater than the 
alloy interdiffusion coefficient, DAB> oxygen, if reasonably soluble, 
dissolves and diffuses so rapidly that AO is effectively precipitated 
Internally. If DQ is of the order of DAB but X® 
is the concentration of oxygen in the depleted (in A) alloy at the 
interface (the solubility of oxygen in B), the sub-scale contains more 
oxide than that formed by the amount of A initially in the same volume. 
The volume fraction of oxide, 4», [42] is given by 
23 
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Fig. 6. Volume fraction AO formed in a mixed AO plus BO scale for 
different initial bulk alloy concentration with Wagner's 
values [46] for inter- and self-diffusion coefficients. 
The corresponding relative growth rates are shown by the 
broken curve 
24 
2\' (XA)2 "AB 
where v Is the number of oxygen ions per B ion in the oxide BO^. 
Depending on the physical characteristics of the oxide and alloy, there 
is some critical volume fraction <j>(, at or above which the oxide becomes 
the continuous phase. Accordingly, the critical initial concentration 
of element A in the alloy to yield a continuous external scale is 
described by 
n«|>„ Do 
*A.c • • (22) 
d. Exclusive internal oxidation The internal oxidation of 
alloys proceeds through the dissolution of oxygen into the base metal at 
the advancing reaction front which remains essentially parallel to the 
external surface. Repeated nucleation takes place with some 
accompanying growth of particles of an alloying element oxide, and the 
reaction front keeps moving inward at a decreasing rate. If diffusion 
control is maintained, the depth [47], Ç, of the internal oxidation zone 
may be expressed as 
Ç = 2Y(Dot)l/2 . (23) 
Y is a dimensionless parameter which may be calculated from 
25 
1 exp(Y^) erfY 
\|/^ ^^ exp( erfc(Y4^ ^^ 1 
(24) 
where X® is the mole fraction of oxygen at the external surface, erf is 
the error function, erfc is the complimentary error function, and = 
DQ/D^ where is the diffusivity of A in the alloy. If Y « 1 and 
Y(|)1/2 1, the rate of internal oxidation is dependent upon the rate of 
outward diffusion of the alloying element A, as well as on the rate of 
inward diffusion of oxygen. Eq. (24) is then reduced to [47] 
nl/2^/2x0 
Y R ' (25) 
2vxX 
and hence 
( nV/) 1/2x0(0 t) 1/2 
C §—2 . (26) 
A detailed quantitative analysis [48] of the nucleation of Internal 
oxide precipitates at the reaction front also reveals that the number of 
precipitates per unit volume is 
Z(x) = e(xO/x)3 (27) 
where 0 is a function of Dg/D^, X^, the solubility product of the 
precipitated AO oxide in the matrix (Kgp), and the critical 
concentration product necessary to form a nucleus of critical size. 
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under conditions y << 1 and Y4' 1 
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e. Internal oxidation with external scale formation In the 
case of both growth of external scale and internal oxidation, Eq. (24) 
is modified correspondingly as [49) 
XO exp(Y2)[erf(r) - erf(k /2D.)l/2j 
Ï72 2 ITT^ ' (28) 
vX^  tp exp(Y V/) erfcfy^  ) 
where X^ is now the oxygen mole fraction at the alloy/scale interface, 
kp is the oxidation constant of the alloy. For the usual case that y « 
1 and the position coordinate of the alloy/scale interface at any time 
(x') is larger than that of the internal oxidation front at any time 
(5), Eq. (28) can be simplified to 
XoDo = xjv ÎTT- ' (29) 
2t F[S/2(DAt)l/^] 
where F is an auxiliary function which is defined as F(u) = n^''2ijexp(u2) 
erfc(u) in which u = (kp/2D^)l''2, the beginning of oxidation, the 
thickness of the internal oxidation zone, (K - x'), would increase at a 
nearly parabolic rate, and afterwards an internal oxidation zone will be 
saturated at a constant thickness [50]. The previous analysis for the 
prediction of precipitate size and density (Eq. (27)) in the absence of 
an external scale will still be valid for this case because of the 
fundamental identity in the processes of internal oxidation of an alloy 
regardless the existence of the scale. 
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3. Classification and properties of oxides 
Barr [51] investigated the passivation in air of elemental metals 
using electron spectroscopy for chemical analysis (ESCA). His results 
could be divided into two general classes. In the first, passivation 
terminated with the outermost layer of metal oxide, that is, that 
exposed to air, in its highest oxidation state, but with the bulk of the 
metal oxide in a lower oxidation state. Such oxides were classified as 
modifiers according to the nomenclature of glass chemists. The second 
class of oxides terminated in the same oxidation state throughout the 
oxide. These oxides were classed as network formers. Zachariasen [52] 
and Warren [53] suggested that MO and M2O5 form networks if the oxygen 
forms tetrahedra around the metal atoms; M2O3 forms a network if the 
oxygen forms triangles around the metal; MO3, M2O7, and MO4 are expected 
to be network formers; while MO and M2O should not form networks at all, 
but generally behave as modifiers. The ease of glass formation, which 
is closely linked with the problem of vitreous oxide formation, has been 
related to the strength of a single oxide bond [54]. Figure 8 shows the 
periodicity of bond strength with atomic number of the cation. Those 
oxides with bond strengths greater than 3.25 eV (75 kcal/mol) and 
between 2.18 (50 kcal/mol) and 3.25 eV are probable glass formers and 
intermediates, respectively. Intermediates may either become a glassy 
network or act as a modifier of an existing network. Those with bond 
strengths less than 2.18 eV are called modifiers and generally are 
crystalline upon formation at or above room temperature. Dietzel [55] 
applied the concept of field strength of the cation, E=z/d^, where z i.s 
the cation valence and d is the interval between ions, and confirmed the 
29 
O MAXIMUM VALUE 
• ALTERNATIVE VALUE 
To W 
Nb 100 
z Sb 
Th 
UJ 
UJ 
i 
w 
Cd 
No 
80 20 40 
ATOMIC NUMBER 
60 
Fig. 8. Single oxide bond strength versus atomic number of the 
cation 
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same categorization of elements into network formers and modifiers as 
the bond energies in Figure 8. The oxides of the elements in Group IV 
(Si, Ge and Pb) are classified as network formers. They are capable of 
bonding into a three-dimensional, random network having 5- or 6-menibered 
rings [56], which can change the mechanism of ionic self-diffusion. The 
strong covalent bonding in the network promotes formation of holes and 
channels through which large anions or even oxygen molecules can pass. 
Cations, because of their high charge density, are less mobile in such a 
network structure (19]. Network-modifying oxides have the lowest bond 
strengths and only bond ionically with anions in the network. Network-
modifying oxides have a tighter, more compact structure, through which 
the small, loosely bound cations can move, but through which the large 
anions can not find a path. Therefore, anion incorporation and 
migration is difficult in modifiers. 
In practice, an oxide may be formed in one of three types, vitreous, 
microcrystalline, or polycrystalline. Network forming oxides can be 
vitreous, crystalline, or amorphous, and modifiers tend to be 
crystalline or amorphous. Although both the vitreous and the amorphous 
states show the lack of long-range crystallographic order, vitreous 
solids exhibit a reasonably high degree of short-range order, in 
contrast to amorphous solids which have, at best, short-range order. As 
far as room temperature is concerned, network-forming oxides show a 
tendency to be vitreous. On the other hand, modifiers are 
polycrystalline [19]. 
Vitreous network-forming oxides have the advantage of limiting 
oxidative attack on metals. In addition, the vitreous state has a low 
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density of dangling bonds which can promote ion movement in oxide films. 
When a surface is oxidized, a great many Tamm surface states are 
saturated. The unsaturated number depends on the lattice mismatch 
between the crystalline oxide and the underlying substrate or on the 
flexibility of bonding between a vitreous oxide and the substrate [19]. 
Si-oxide is known to be the best network-forming oxide. The flexibility 
of its structure allows the oxide to bond to most of the Si surface 
atoms, resulting in a minimum number of surface states [57]. The 
density of network defects in vitreous Si02 is very low (usually less 
than lO^G cm"3) [58]. When ionic, rather than electronic, movement in 
the oxide controls the rate of reaction (the usual case), the oxidation 
rate is determined by the faster moving ion, anion or cation. The rate 
of self-diffusion of the faster ion in a particular oxide is slower in 
crystalline network-forming oxides than in crystalline network-modifying 
oxides [59]. Since the reactants must pass through the oxide, its 
properties with respect to electronic and mass transport are most 
important to further reaction. These properties are thoroughly linked 
to the structure of the oxide film. A knowledge of the movement of 
atoms and ions in a network structure is essential to understand, on an 
atomic basis, the process of oxide growth at low temperature. Two 
factors, geometry and charge density, affect the motion of modifying 
ions in a network structure [60,61]. If a channel or intprctltial 
region is small, then larger ions, those with a smaller charge density, 
can not move easily. On the other hand, if the channel is large, the 
geometrical factor is no longer limiting, but the larger ion will have 
the higher mobility because it will be bound less tightly to adjoining 
ions. 
32 
Although the LEED patterns are often disordered for metals whose 
oxides form networks, depending on the crystal face being studied 
(examples are Al, Si [62], Cr [63], and As [64]), metals whose oxides 
are modifiers tend to produce well-defined LEED patterns characteristic 
of crystalline oxide. Furthermore, epitaxial relationships can be 
observed with oxides on Ni [65] or Fe [66]. Strong bonding In the 
network-forming oxides makes rearrangement to form a surface structure 
having long-range order often impossible at room temperature. Network 
modifiers, on the other hand, appear capable of rearranging to form 
crystals at room temperature [19]. 
B. Theories of Auger Electron Spectroscopy and Depth Profiling 
1. Theories of Auger electron spectroscopy (AES) 
In AES we usually use primary electrons with energies between 0.5-10 
keV. These primary electrons cause ejection of secondary electrons, 
leaving a hole at level W. The excited atom can relax either by 
photoradiation or by an Auger transition from level X which is found 
preferentially for lighter elements. For an Auger transition the 
available energy E(W)-E(X) is transferred to a third electron, Y, the 
Auger electron, with a characteristic kinetic energy E. Such an Auger 
process is designated WXY. See Figure 9. 
AES, in addition to being a rapid, experimentally simple method of 
surface elemental analysis, is a probe of the valence-band states In any 
transition for which these states are Involved. Therefore, it reveals a 
substantial amount of information on surface chemical bonding. AES has 
been, however, regarded as much harder to Interpret than other valence-
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Fig. 9. Auger electron emission [67] 
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band-sensitive spectroscopies, such as photoelectron spectroscopy (PES), 
that have similar surface sensitivity, because it is a two-electron 
spectroscopy. On the contrary, it is precisely the two-electron nature 
of AES that makes it an attractive and distinct tool for the study of 
surface electronic properties, by permitting a view of the local density 
of states (DOS) from different ion cores in compounds or substrate-
adsorbate systems [68]. It is easy to show, expanding the potential in 
terms of the vector separation of ion cores, R, that the Auger matrix 
element M ~ |R|~^ and that therefore the probability of interatomic 
Auger processes falls off very rapidly with the separation of the ion 
cores. Hence the Auger current is characteristic of a local density of 
filled states at the atom on which the original core hole was formed. 
This situation Is in contrast to PES, where a non-local DOS over many 
lattice constants is measured. Furthermore, the Auger process provides 
an additional way of looking at the relaxation shifts inherent In all 
electron spectroscopies. The relaxation of an Auger electron is caused 
by the screening of core holes, two-hole repulsion, and extra-atomic 
relaxation. Screening of the initial core hole can induce differential 
relaxation. Final-state relaxation can be due either to hole-hole 
interactions or polarization effects. The Auger line shape is distorted 
by transition probability variations across the measured spectrum and by 
extra-atomic relaxation effects. The former have bepn cenprally ascumpH 
constant for Auger processes [68], while the latter have been assumed to 
be severe because AES Involves two final-state holes [69-71]. 
Differential relaxation of atomic orbitals affects the Auger line width, 
and final-state relaxation is related to the line broadening [68,72]. 
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a. Theory of surface compositional analysis One of the 
currently most prominent analytical techniques for elemental and 
chemical composition analysis of submlcron thin films, and composition 
and width analysis of interfaces is AES. The inelastic mean free path 
(IMFP) X of the Auger electrons with a characteristic kinetic energy 
®kin (typically between 50-2000 eV) follows [73,74] 
X = 538/Ekin + 0.41(aEkin)l/2 monolayers (ML) (30-1) 
and 
X = 0.55(aEkin)l/2 ML (30-2) 
for elemental solids and oxides, respectively, where a is the monolayer 
thickness. Seah and Bench's [73] compilation of experimental 
measurements of IMFPs as a function of the electron energy is shown in 
Figure 10 for elemental solids. The fact that X is on the order of a 
few monolayers makes this Auger method an ideal probe for thin film 
analysis. 
According to Palmberg [75] atomic concentrations are derived by 
Ij/lA 
c  =  — ,  ( 3 1 )  
è VI« 
where are the measured intensities and the elemental sensitivity 
factors. If we Include the instrumental parameters, Eq. (31) can be 
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Fig. 10. Compilation of experimental measurements of the 
inelastic mean free paths in monolayers as a function of 
the electron energy for elemental solids 
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expressed by [76] 
c (32) 
I (I^lS^A,aIp,a) 
where is the lock-in amplifier sensitivity, is the modulation 
energy, and Ip^A the primary beam current. Here 1^ is given by 
where n(Z) is the atomic concentration assumed to be homogeneous along a 
surface plane, X the IMFP of the collected electrons originating at 
depth z and directed along a path making an angle 0 with respect to the 
surface normal, g Is the proportionality factor and 
where T is the transmission of the analyzer, Ip the primary electron 
current, the cross section for Auger electron production, r the 
electron backscatter factor, and the probability that an excited atom 
will decay through an Auger transition. One can define elemental 
sensitivity factors by 
IA = e nA(Z)exP(- • (33) 
g = TIp(l + r)0AYA , (34) 
lO = T(1 + r)eAYAXcose (35) 
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The cross section for ionization •(Ep/E^) of an atom by an electron is 
[77] 
Ep 2Tle2 4Ep/Ec 
= b(Ë^ )ln[j g3 ^  2.35exp(l-(Ep/Ec))) 
where Ep is the primary energy, Eg the critical potential, b=0.35 for 
the K-shell, 0.25 for the L-shell and 0.2 for the M-shell, and a 
numerical value of the backscatterlng factor r is approximated by an 
empirical formula [78] 
1 + r = 1 + 2.8(1 - 0.9Ec/Ep)Vi(Z) . (37) 
Here Eg is the energy needed to ionize the core shell level, Ep the 
primary electron energy, and Vi(Z) is an atomic-number-dependent factor 
given by 
n(Z) = -0.0254 + 0.16Z - 0.000186Z2 + 8.3xlO-7z3 . (38) 
As the Auger current is roughly proportional to N$, where N is the 
number of atoms in the detected volume, we can determine the number of 
atoms in the detected volume from the Auger current. That is, the 
concentration ratio of element A to B is taken as (I the 
Auger peak-to-peak height for each element) [22]. In the above 
treatment it is usually assumed that (1) the Auger excitation 
probability is almost unity, (2) the contribution from backscattered 
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electrons Is assumed to be roughly equal for each Auger line, (3) the 
cross section for ionization is taken as the theoretically calculated 
result for an atom, and (4) the detected volume for Auger electron 
production is uncertain to within a few atomic layers. It is unlikely 
that a large error results from (1), because the fluorescence yield is 
negligibly small for energies less than 1000 eV. (3) has proved 
satifactory for the ionization of inner shell electrons but not accurate 
enough for the M-shell [22]. (2) is a property of the substrate as 
described by Bishop and Rivière [79] who determined the contribution of 
backscattered electrons, and showed that an Auger electron can be 
excited by those back-scattered electrons which are distributed between 
Eg and Ep. If the critical potentials for the various elements differ 
greatly, the contribution from backscattered electrons should not be 
taken as constant for the elements in question. 
Semiquantitative analysis uses only elemental sensitivity factors. 
But matrix effects should be also considered In quantitative analysis. 
Let us consider a binary alloy AB to determine the Influence of matrix 
effects. According to Eq. (33), the intensity ratio can be expressed by 
180] 
RO . ^ , 
Ib lBCB,bulk 
(39) 
where lA(Ig) is the measured intensity (peak areas or peak-to-peak 
amplitudes in the derivative mode) of A(B) in the alloy. The atomic 
40 
concentrations of A and B are CA^bulk '^Bjbulk» respectively. A 
correction factor takes into account the Influence of the alloy 
matrix on the measured Auger electron [80,81]. 
^AB = kxkfkn , (40) 
with 
^ , (41-1) 
l+fB,alloy l+fA 
kx . ^ , (41-2) 
^,alloy<^B) ^ <EA) 
k„ . nO / „0 , (41-3) 
where k^ Is the density correction factor with n^ , n^ the atomic 
densities of the pure elements, k\ the escape depth correction 
factor which can be calculated from Eq. (30-1). The superscript 0 
denotes the value for the pure element, kj. is the backscatter 
correction factor which can be calculated according to Eq. (37). 
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b. Analysis for very thin overlayers on a substrate Sluda 
[82] proposed In the application of AES to the determination of the 
structure and total coverage of very thin overlayers of fixed 
structure based on the measured intensities, that 
h\ = 1 -
k 
(1 - s) E G;S 
1=1 
i-1 (42) 
and 
k 
h\ = (1 - a) r ejfi , (43) 
i=l 
where 
fi = Pi - (1 - a) Z Pja^ (j+1) , ^ (44) 
j=l 
h®|^  and h®j^  are normalized Auger intensities (NAT) for the substrate and 
adsorbate, respectively, measured in the presence of k monolayers of the 
adsorbate. The coverage in the ith monolayer is and the set of 8^, 
{©i), will be called the averaged structure of the overlayer (ASO). pj^  
is the so-called relative backscattering factor for the ith monolayer of 
the adsorbate [83]. s and a are the coefficients which result from the 
existence of attenuation processes of emitted electrons in the 
adsorbate. Since their values are equal to those parts of the 
Intensities which are transmitted after crossing one monolayer of the 
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adsorbate, they will be called transmission coefficients (or attenuation 
coefficients). If electrons emitted at angle p with respect to the 
normal are collected, then 
d 
s = exp ( ) 
Xg cos p 
and 
d 
a = exp ( ) , (45) 
cos P 
where d is the thickness of one monolayer of the adsorbate, Xg and 
are inelastic mean free paths in the adsorbate for Auger electrons of 
the substrate and the adsorbate, respectively. In principle, the only 
restriction of the proposed method is that the substrate Auger line has 
enough intensity to be measured. 
2. Theory of depth profiling 
A universally applicable method to obtain the elemental composition 
of a thin film as a function of its depth from the surface is sputtering 
by ion bombardment in combination with a surface sensitive analysis 
method. In particular, AES in conduction with inert gas ion sputtering 
turns out to be a powerful tool for compositional depth profiling. AES 
has the advantage that the analytical method itself is independent of 
the sputtering process, the influence of the matrix on elemental 
detection sensitivity is small and the area of analysis can be kept very 
small compared to the sputtered area, thus minimizing crater effects. 
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The primary data obtained in a depth profiling experiment consists 
of Auger peak-to-peak height versus sputtering time, i.e., the "measured 
sputtering profile" I=f(t). We can get the "true profile" c=f(z) 
(concentration versus sputtered depth) by converting the measured 
profile into a real concentration profile [84]. The principal steps of 
such an evaluation are sketched In Figure 11. 
a. Calibration of the depth scale The instantaneous sputtering 
rate z=dz/dt (sputter removal rate, erosion rate) determines the mean 
eroded depth z as a function of sputtering time t according to 
z(t) = [ zdt' (46) 
JO 
The sputtering rate z [ms~^] is given by 
& = VaYJp , (47) 
where denotes the atomic volume [m^], Y the sputtering yield 
[atoms/ion], and jp the primary ion current density [mr^s"!]. 
b. Calibration of the concentration scale In AES analysis, the 
relation between Auger intensity and the true composition can be written 
as an explicit function of the escape depth as well as of the electron 
backscattering (a modified form of Eq. (33)) 
I(z) = ^  jJc(z')rBexp[- (48) 
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Fig. 11. Scheme of depth profile quantification. The true depth 
profile of composition yields by sputter profiling the 
measured profile, (a) ( ) Deconvolution using 
appropriate calibrations of the concentration / 
intensity scale, c(I), the depth / time scale, 2(t) and 
the resolution function g(z-z'). (b) (—) Convolution 
of an assumed true profile with the resolution function 
g(z-z'), comparison with the measured profile and 
reiteration until a best fit is obtained 
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where IQ is the Intensity of an elemental bulk standard, X is the 
effective escape depth of the Auger electrons perpendicular to the 
surface, c(z') is the local concentration at the original depth z', rg 
is the backscattering factor of the primary electrons and z denotes the 
variation of the instantaneous surface coordinate for an ideal 
microsectioning process. 
The composition profile c(z) is obtained from Eq. (48) as a function 
of the measured signal by [85,86] 
if the backscattering effect is neglected. Frequently, the 
concentration calibration of the intensities in a measured depth profile 
is made neglecting the escape depth effect and taking the instantaneous 
signal proportional to the concentration c(z)=I/IO' The relative error, 
without taking the escape depth into account, is then dependent on the 
slope of the profile and can be estimated as the relative change of the 
signal within a depth of the order of X, viz. 
d(I/In) 
dz (49) 
Ac I(z) - I(z+X) 
c - I(z) (50) 
Eq. (50) indicates that a quantification ignoring X may give a 
concentration c(z) which is very small by the fraction Ac/c for a 
negative slope of the profile. 
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Sputtering changes the surface composition if the alloy components 
are sputtered at different rates (preferential sputtering). Ho et al. 
[87] proposed a model describing the initial transition period assuming 
that sputtering changes the composition only within a certain altered 
layer with thickness 8. According to Ho's model the mass balance of 
species A of a binary alloy AB at the surface is 
= J[-Ya + Y^c^^bulk + YgCApbulk] ' (51) 
Here n is the atomic density of the alloy, assumed to be equal to that 
of the altered layer, YA(Y3) the sputter yield of A(B) in the alloy, J 
the primary ion flux and c^^bulk the atomic concentration of A in the 
bulk alloy. For a homogeneous binary alloy with initial conditions, t=0 
and CA=CA,bulk the solution of Eq. (51) is 
<^A - ^A," 
= exp(-t /T) . (52) 
CA,bulk - GA,» 
Here CA^» is the atomic fraction of A in the altered layer under steady-
state conditions (t -> ®). The experimental time constant x which is in 
the order of 0.5 min [88] is given by 
% = % (KA - KACA,bulk + KBCA,bulk) ' (53) 
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where and Kg are the (matrix-dependent) ejection probabilities of A 
and B in the alloy, respectively. Elemental ejection probabilities 
(superscript '^) can be defined by 
«0 = yO/nO , (54) 
where Y® is the elemental yield and n® the atomic density. 
Continuous sputtering often leads to a steady-state. For a binary 
system AB one obtains from Eq. (52) for the atomic concentration ratio 
C/^/CB at the surface [87,88], 
 ^^   ^ - <") 
where p^/pg is the elemental sensitivity factor ratio in the steady-
state after sputtering, defined by 
— = ^  FAB — (56) 
PB ^B ^A 
with the elemental sensitivity factor ratio of the pure elements 
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c. Depth resolution and resolution function Surface erosion by 
ion bombardment induces changes of both microtopography and composition 
of the sample. These induced effects show up in the measured profile as 
an apparent broadening of the true profile effects which can be formally 
described by a resolution function g(z,z') [89]. Thus the actual 
normalized intensity I(z) can be expressed as a convolution Integral 
and the true concentration profile c(z) can be determined if the 
resolution function g(z,z') is known and I(z) can be deconvolved. 
The depth resolution is the result of a number of different 
phenomena including Instrumental- and sample-dependent (topographical 
and compositional changes of the sample surface region due to 
interaction with the ion and electron beams) parameters {90,91]. The 
most fundamental contribution inherent in electron spectroscopy is the 
contribution of the mean electron escape depth X. It turns out to be 
Û2a2X in a first-order approximation. 
Sputtering of a step-function concentration profile usually results 
in a measured profile with the shape of an error function [89,92]. Then 
a Gaussian function is a good approximation for the resolution function 
g(z-z'), which is defined by a single parameter,the standard deviation 
a. The most common definition of the depth resolution is ùz=2a, which 
corresponds to the difference of the depth coordinate z between 84% and 
16% of the intensity change at the interface. This depth resolution is 
(57) 
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Fig. 12. Scheme of the convolution process. The true profile 
c(z) is divided into infinitesimal segments. Each 
segment is broadened into g(z-z'). The measured profile 
I(z) is obtained by summation of the contributions from 
all such segments 
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shown in Figure 13 together with other definitions sometimes found in 
the literature [93]. 
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Fig. 13. Measurement of the depth resolution Az for the 
approximation of Gaussian resolution functions. For 
step-function true profile, ùz = 2a (0.84-0.16). 
Az'(0.9-0.1) = 2.564a, ùz'' (inverse maximal slope) = 
2.507a. tz' ' ' (FWHM of the resolution function) = 
2.355a 
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III. POLYCRYSTAL STUDIES 
A. Experimental 
All alloys were kindly provided by F. X. Kayser. An alloy sample 
annealed 3 weeks at 1000° C showed 2 to 6 mm diameter grains. The iron 
specimens used in this study were vacuum-melted electrolytic disks 
having a purity of 99.96%. A bulk-FegO^ sample was made by sintering 
325 mesh, 95% purity FegO^ powders from Cerac, Inc., Milwaukee, WI. The 
sintered bulk-FegO^ sample showed no impurities except a little C and Ar 
on the survey Auger spectrum after Ar+ sputtering to remove the 
superficial carbon contamination. I used a piece of bulk Fe203 from 
Cerac Inc. as my Fe203 sample. A survey Auger spectrum on it showed 
small amounts of C, Ca, and Ar Impurities only. All samples used for 
this study were polycrystalline. 
All the alloys and Fe-samples were cut to appropriate sizes by a 
low-speed diamond saw. They were electropolished at 50 V and -70° C for 
a few minutes in a solution of 6% HCIO4 and 94% methanol, then cleaned 
in trichloroethane, acetone, and methanol in an ultrasonic cleaner. The 
homogeneity in composition for the alloys, bulk-Fe oxides and silicates 
was checked by a TN-5500 x-ray analyzer attached to a Perkin-Elmer PHI 
600 scanning Auger multiprobe system. Two kinds of silicate samples, 
forsterite (Mg2Si04) and zircon (ZrSiO^), were kindly supplied by K. 
Windom, Dept. of Geology, Iowa State University. Both are anhydrous 
single crystals which were cleaned in a solution of 1:1 HCl and H2O, 
followed by flushing in distilled water, acetone, and methanol. 
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EELS (300 eV excitation energy) and AES on clean and oxidized pure 
Fe and Fe-Si, and scraping experiments on Fe-Si were carried out in 
another Perkin-Elmer UHV system, which was pumped to a base pressure of 
low 10-9 to high lO'lO Torr using turbomolecular, ion and Ti sublimation 
pumps. When necessary, a 3M ion sputter gun was used at a Xe pressure 
in the 10"^ Torr range, Vj;b=1 keV, and iiB=400 nA with a 2.5 x 2.5 MM^ 
raster. Spectra were taken, using a PHI 10-155 CMA with a coaxial 
electron gun. 
Fe 2p loss spectra of bulk-FegO^, bulk-Fe203, and native oxides of 
Fe-Si and pure Fe, AES depth profiling on oxidized pure Fe and Fe-Si, 
and low energy Si Auger comparison of the various silicates and oxidized 
Fe-Si were all performed in a Perkin-Elmer PHI 600 scanning Auger 
multiprobe system, which was maintained at high 10"^® Torr pressures. 
When ion bombardment was required, a PHI 04-303 differentially-pumped 
ion gun was employed with Xe or Ar at high 10"^ Torr, VJB=1 keV, and the 
appropriate ijB and raster size. For AES depth profiling, ij^ was 2.5 
nA with a 2 X 2 mm^ raster. The PHI 25-120A scanning Auger microprobe 
took spectra at an energy resolution of 0.25 to 1%. 
XPS analysis was carried out in a different UHV system (AEI-2000) 
which was pumped to a base pressure of low 10"^ Torr using mechanical 
and trapped diffusion pumps. The A1 line (1486.6 eV) was used for 
the x-ray source at 10 KeV and 10 mA. 
B. Results and Discussion 
The retardation of the oxidation of Fe by the addition of Si was 
observed, especially in AES depth profiling and 300 eV EELS data. The 
intensity changes of the Fe L3M2^3V and 0 KW Auger peaks during depth 
profiles of Fe-Si and pure Fe after both were exposed simultaneously to 
200 L of O2 are shown in Figure 14. The curves for pure Fe were 
corrected for the comparison of profiles for oxygen so that the 
saturated intensity of the Fe L3M2P3V Auger peak for the clean alloy 
(91.25at% Fe) is 0.9125 times that of pure Fe. Electron beam stimulated 
desorption of oxygen and recontamination due to background gas during 
measuring these profiles with this very low ijg were also checked and 
found to have no effect on the profile data. To minimize the variations 
in grain orientation and oxide composition which may drastically affect 
the sputter yield, at least two different grains on a sample were 
investigated in all depth profiles. Some comparisons between two 
profiles for oxygen are given in Table 1. Since "IQ at SPT=0" may be 
saturated with a thin oxide overlayer due to the small probing depth of 
the 0 KW Auger peak, I prefer to use "SPT at [l/2]Io^" to show that the 
rate of oxidation of Fe-8.75% Si is retarded to approximately half the 
rate of pure Fe. Old results from Portevin et al. [14] show a 
retardation of ~ 50% for 5.3% Si after heavy dosing with O2 at 1000° C. 
The more recent measurements by Moseley et al. [8] present a similar 
retardation for 1.0% Si after a long exposure to C02/1%C0 at 500° C. 
Svedung and Vannerberg [10] also show a retardation of ~ 85% for 5.6% Si 
after lOh exposure with a mixture of 20% oxygen in 
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Table 1. Comparisons between 0 KW AES depth profiles of oxidized (200 
L O2) Fe-8.75% Si and pure Fe 
pure Fe Fe-Si Fe-Si / pure Fe 
IQ at SPTa=0 6.8b 5.35b 0.79 
SPT at [l/ZlIgO 76.4 min 46.0 min 0.60 
®SPT = sputter time. 
^In arbitrary units. 
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Ar at 500° C. The present degree of retardation appears the same as or 
smaller than in the other results, but direct quantitative comparisons 
should be avoided because the environments and exposures for oxidation 
are quite different. 
The Fe 3pi/2 and 3s loss peaks of pure Fe and Fe-Si were monitored 
by 300 eV EELS during exposure of up to 200 L O2 (Figure 15). The 
changes of peak positions of the Fe 3pi/2 and Fe 3s losses are plotted 
in Figure 16. The saturation values for both Fe 3pi/2 and Fe 3s peaks 
are reached at much lower oxygen exposure in pure Fe compared to Fe-Sl. 
In other words, the alloy may have the same form of Fe oxide only after 
increased exposure to O2. The retardation of the oxidation rate of Fe-
8.75% Si with respect to pure Fe appears in both AES profiling data and 
300 eV EELS data. This reduction in oxidation rate with respect to pure 
Fe may be associated with the much smaller diffusion coefficients for Fe 
and oxygen in the Si oxide-rich layer which forms on the alloy surface 
upon initial exposure to O2 [7]. 
When a single-phase binary alloy consisting of metal A containing 
an alloying element B is oxidized, there are two possibilities. Either 
(a) a single phase oxide is formed of A containing some B cations, or of 
B containing some A cations, or (b) if the alloy is oxidized at a 
sufficiently low oxygen partial pressure, then only the less noble 
element will oxidize selectively. It does not matter if this element is 
present in only a small proportion, since the oxide of the other is 
thermodynamically unstable. The diffusion rate of the oxidizable 
element is also unimportant for the same reason [1]. Atkinson [7] 
predicted, on the basis of a phenomenological theory, that Fe-Si alloys 
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form a continuous external scale of Si02 Irrespective of the ambient 
oxygen potential if the bulk atomic fraction of Si is more than 5% (500° 
C in CO2 containing 1 vol% CO). The dissociation pressure of Si02 at 
room temperature is much smaller than that of any Fe oxide [94]. The 
comparison of the free energy changes (ÛG®) at room temperature for the 
formation of Si oxide and Fe oxide shows that -AG® for Si02 is around 
twice that for FeO [1,94]. A marked effect of Si upon the diffusivity 
of Fe in the Fe-Si system was also reported [95]. Furthermore, with the 
aforementioned prediction by Atkinson and the low permeability of Si02 
to Fe at lower Poxy [2]» Si atoms on an Fe-8.75% Si alloy surface have a 
good chance to react first with the oxygen gas at a pressure as low as 
10*9 to 10"? Torr and establish an external layer of a Si oxide at the 
beginning of oxidation. 
Figure 17 shows the initial disappearance of the unoxidized Si 
L2,3VV Auger peak on Fe-8.75% Si after various oxygen exposures. The 
primary electron beam energy was 300 eV to maximize surface sensitivity. 
We are also able to give a somewhat kinematical explanation for this 
rapid onset of Si oxidation [4]. Even if all the superficial Si atoms 
are oxidized, some fraction of the oxygen atoms may still be able to 
chemisorb on surface Fe atoms. Oxygen chemisorbs dissociatively at room 
temperature on pure Fe surfaces [96]. These oxygens chemisorbed on Fe 
atoms may act as precursors for the subsequent chemisorption of oxygpn 
atoms on new SI atoms reaching the surface from below. In contrast to 
elemental Si [97,98], the oxidation of Si atoms on the surface of the 
Fe-Si alloy may need no electronic activation by the action of 
neighboring Fe atoms which can adsorb oxygen dissociatively. 
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Fig. 17. Si L2 3W Auger spectra at Ep=300 eV on Fe-8.75% Si 
shoving the initial oxidation of Si. Ep=300 eV, ig=1.56 
yA, modulation voltage=10/4 eV, Poxy=3 x 10" Terr. O2 
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Unfortunately, the L2^3W Auger peak of oxidized Si, whose position is 
shifted down by ~ 15 eV, may not be easy to identify in the broad 
background from the Fe Auger peak at ~ 86 eV, so the oxidation of Si 
before the oxidation of Fe was checked by XPS. The monitoring of 
changes of Fe 3s and 2p, and Si 2p XPS peaks on clean Fe-Si during 
oxidation at oxygen pressures as low as 2 x 10~® Torr confirms that the 
Si 2p peak, whose mean free path is ~ 2.5 Â [99], is shifted to its 
oxide position earlier than the Fe 3s peak. The shifted Si 2p peak 
grows faster, indicating the preferential oxidation of Si at the very 
beginning (~ 5 L) of oxidation (Figure 18). The variation of the x-ray 
Incidence angle on the heavily oxidized surface with more than 10^ L 
also confirms the larger height for the shifted Si 2p peak at the more 
glancing angle (Figure 19). The shifted Si 2p peak becomes predominant 
over the shifted Fe 3s peak at the most glancing angle of 15° from the 
sample surface. When we consider that the surface sensitivity Increases 
as the incident angle with respect to the sample surface decreases, this 
suggests that the very top layers of oxides on this Fe-Si alloy consist 
primarily of a Si oxide. It was reported recently [2] that a very thin 
Si oxide-rich layer was formed after a short period of exposure even in 
air and at high temperatures. The shift of the Si 2p peak at an 
exposure of ~ 5 L or less is almost the same as that after 10^ L O2. 
The form of the Si oxide in the very top layer of the oxide may be 
determined from the binding energy difference between the Si 2p on the 
clean alloy surface and that on the oxidized surface with 10^ L O2, 2.5 
eV, indicating surface oxidized Si rather than silicates [100]. Similar 
complete preferential oxidation of Si on the surface of Fe-5.38% Si 
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Fig. 18. Fe 3s and Si 2p XPS spectra during oxidation at - 10~® Torr 
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covered with half a monolayer Si segregated at 500° C was reported in 
Ref. [4|. 
The surface composition change caused by surface segregation of 
alloying elements and/or surface preparation with an ion beam may 
drastically influence the adsorption and surface reaction properties of 
the samples under investigation. The preceding reaction of Si with 
oxygen on Fe-Sl with respect to pure Fe may be interpreted as an 
increased amount of Si on the surface due to surface segregation of Si 
and/or preferential sputtering of Fe. The ratio of Si L2^3W Auger peak 
intensity to that of Fe M2,3VV (Isi^^Fe,MVV^ Xe+ etch-cleaned Fe-
Sl surface (Vig=l keV, 1ib=1 PA and no raster) was found to be 0.22. It 
did not change up to 60 mln after cleaning. Since these alloy samples 
do not cleave, even at - 90K, the relative concentrations of Si and 
other impurities were also Investigated by a diamond wheel scraper for 
comparison with Xe+ etch-cleaned surface. Fe Fe L3VV, Si 
and impurity (S L2,3^' Cl L2^3W, C KW and 0 KVV) Auger peaks of Fe-Si 
were monitored at a base pressure of low 10"^ Torr at room temperature. 
The value for Isi''^Fe,MW immediately after scraping was 0.24. This is 
very close to that of the Xe+ etch-cleaned surface. The ratio did not 
change in over 300 mln after scraping. The very similar values for the 
initial Isi,LW^^Fe,MW ratio indicate no alteration of the (near-bulk) 
surface composition due to preferential sputtering for this alloy. No 
changes of this ratio after cleaning in both cases may also suggest that 
the surface composition change due to surface segregation of Si is 
small. 
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Where only one oxide forms, e.g., AO, the alloy composition at the 
alloy/oxide interface will change (e.g., depletion of A and enrichment 
of B) unless A atoms diffuse from the bulk of the alloy to the Interface 
as rapidly as they move into the growing oxide. If there is gradual 
enrichment of B, the oxide AO will continue to form alone until the 
interfacial concentration of B reaches a fractional concentration 
corresponding to the three-phase equilibrium : AO + BO + alloy. Double 
oxides may form silicate or spinel phases [1]. Atkinson [7J also 
examined the critical bulk concentration of Si for "exclusive" external 
layer formation of Si02 and found it to be almost 100%, i.e., there 
always exists internal oxidation of Si together with a continuous 
external "Si02" scale in the case of dilute Fe-Si alloys. Once an "Fe 
oxide" is formed by the oxygen permeated through the thin Si oxide-rich 
layer at the top, we can not exclude the possibility of formation of an 
Fe-silicate, since Fe+2 ions are well known to react with Si02 to 
produce a silicate [12,13,101]. The analysis of the ~ 67 eV Auger peak 
(negative peak position) (Figure 20), which appears after 20 min of 
sputtering and has a maximum intensity at 40 min during AES depth 
profiling of Fe-Si (Figure 21), indicates the possibility of 
identification of this structure with a gradually decreasing amount of 
Si from just beneath the Si oxide-rich top layer down to the alloy/oxide 
interface [4]. The measurements of Carriere et al. fion] on fhe shifts 
of Si 2p XPS peaks for surface oxidized Si, silicates, and quartz with 
respect to unoxidized Si show that the chemical shift for silicates is 
larger than that for surface oxidized Si. I also verified this by 
measuring the low energy Si Auger peaks from two well-known silicates, 
zircon (ZrSiO^) and forsterite (Mg^SiO^), and 1000 Â thick Si02 on a Si 
70 
KINETIC ENERGY (eV) 
Fig. 20. 67 eV peak during AES depth profiling. Ep=3 keV, ig=207 nA, ijB=2.5 nA with a 2 x 
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Fig. 21. Change of intensity of 67 eV AES peak vs. sputter time 
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substrate, comparing the results with our 67 eV shifted Si peak. Figure 
22 shows the Si Auger peak from zircon, fosterite and 1000 Â Si02 on Si. 
The Si Auger peak position in question was calibrated with respect to 
its 0 KW Auger position to correct for any shift due to charging, 
especially on zircon and forsterite. Calibrated shifts of zircon and 
forsterite with respect to SIO2 are 1.7 and 1.2 eV, respectively, and 
the shift of oxidized Fe-Si is 2.3 eV. Although the values are not very 
close, what I had during AES depth profiling can be thought of as a type 
of Fe-slllcate with Si atoms probably on Fe sites in Fe oxide, when we 
consider that the lowest oxide of Fe is not the 1:1 compound, but Fe^O 
with 0.84<x<0.95. This NaCl-structured oxide has close-packed oxygen 
ions with some Fe vacancies, in which the SI atoms may substitute, each 
with six 0^" nearest neighbors. 
The sputter rate can be evaluated from Eq. (47). The thickness of 
this Fe-sillcate layer can be approximately estimated from Figure 21 if 
we assume this silicate layer to be simply FeO (Table 2). A simple 
calculation yields a thickness of about 7 A. This value may also give 
an idea of the depth of the internal oxidation zone of Si beneath the 
external Si oxide layer, which is difficult to estimate theoretically. 
Si depletion was observed in the alloy itself immediately next to 
the alloy/oxide Interface [6,10,12]. (See refs. [102,103] for Cr.) 
Under conditions where only A is being oxidized, the concentration of A 
at the alloy/oxide interface is mainly dependent [104] on (i) the ratio 
of the oxidation rate constant to the alloy interdiffusion coefficient, 
(11) the ratio of the concentration of A in the oxide to that in the 
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Fig. 22. The "67 eV" Si peak from (a) zircon, (b) fosterite and (c) 1000 Â SiO? on Si. EL=3 
keV, ig=2I3 nA ^ P 
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Table 2. Low energy Fe Auger peaks of Pe-8.75% Si alloy during depth 
profile® (Ep=3 keV, lg=207 nA) after an exposure of 200 L O2 
difference 
sputter time peak positions between oxidation 
(min) (eV) peak positions 
(eV) 
states^ 
0 4 4  .7 ' 52.6 7.9 
2.35 4 4  .6 52.6 8.0 trivalent 
12.26 4 5 . 2  52.6 7.4 
22.18 43.3(sC) 46.4 52.6 6.2 
32.10 43.4(s) 47.0 52.6 5.6 mixed 
42.01 43.3(s) 47.8 52.4 4.6 
51.93 42.4(s) 47.8 52.6 4.8 
61.85 42.1(s) 48.0 52.6 4.6 divalent 
81.68 42.1(s) 48.0 
240.35 47.0 
®1 keV Ar+ ion beam, 2x2 mm^ raster, ijB=2.5 nA. 
^Classification is based on Seo et al. [105]. 
means a shoulder. 
bulk alloy, and (ill) the Pilling and Bedworth ratio^ for the oxide. 
The observation of Si depletion in the alloy below the alloy/oxide 
interface appears natural since interdiffusion of Si and Fe is known to 
have a high activation energy. Figure 23 shows AES depth profiling 
data. Curve SIl monitors the intensity of the unoxidized Si 1^2,3^ peak 
which appears at a sputtering time of 68 min, but appears in the form of 
a shoulder before a sputtering time of 82 min. Curve FEl, which 
monitors the intensity of the Fe M2^3VV Auger peak, has already 
recovered to saturation for a clean surface at 120 min. A simple 
calculation using Eq. (47) suggests about 5 A for the Si depletion range 
in the alloy Itself and the logarithmic recovery of depletion gives 
additional evidence for the formation of the top Si oxide layer by 
diffusion [6]. In addition, the comparison of the intensities of Si 
peaks at 120 min and 180 min shows approximately 25% depletion at the 
alloy/oxide interface with respect to intensities on clean alloy 
surfaces. 
Changes of "Fe oxide" in the Fe-silicate layer from a higher 
oxidation state to a lower one can be observed from the AES depth 
profiling data. The total thickness of the oxide overlayer on the alloy 
should be small. Therefore, this kind of measurement must be done with 
a very low sputter rate and probed with a peak of very small penetration 
depth. Ion beam currents as low as 2.5 nA were employed with a raster 
^The Pilling and Bedworth ratio is defined by where 
is the molecular weight of oxide, the formula weight of metal, and 
and the density of oxide and metal, respectively. It determines 
whether an oxide has a porous, cellular or compact, continuous structure 
[106].  
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Fig- 23. Low energy Fe and Si AES depth profiles of oxidized (200 L O2) Fe-8.75% Si. Ep=3 
keV, ig=207 nA, Vjg=l keV, ijB=2.5 nA with a 2 x 2 raster. 01 and FE2 monitor 
the changes of 0 KW Auger peak and Fe L3M2^3V Auger peak, respectively 
size of 2 X 2 mm^. The sputter rates at this current density can be 
calculated using Eq. (47) to be ~ 0.06, 0.33, 0.25, 0.14 and 0.08 A/min 
for SIO21 Fe203, FegO^, FeO and Fe, respectively. The low energy Fe 
Auger peaks were used because the lower Auger electron kinetic energy 
leads to a smaller penetration depth. The 20 - 70 eV region was 
monitored for this purpose during the entire depth profiling. See et 
al. [105] compared the spectra from the super-Coster-Kronig Fe M2,3VV 
transition for Fe, FeO, FegO^, and Fe203 (a and y) and indicated the 
differences among these to Identify each. The spectra of all the iron 
oxides show two peaks in the first derivative mode. They pointed out 
that the energy difference between those peaks can be a distinguishing 
feature among the various forms of iron oxides. Although comparison of 
Auger spectra at low energies obtained from different types of 
spectrometers is difficult because of line shape differences, it is, 
however, expected that the energy difference between closely spaced 
peaks will not be affected significantly. Their measurements were 7.5, 
8.0, 4.5 and 4.5 eV for a-Fe203, Y-Fe203, 2^304, and Fe^O, respectively. 
Table 2 gives the changes of low energy Fe Auger peaks during a depth 
profile and the corresponding assignments of the phase of "Fe oxide" for 
each sub-layer in an Fe-silicate. The ~ 45 eV peak, M2^3VV, is 
interpreted in terms of the bonding of iron with oxygen and the 
subsequent change of the number of d-band electrons available to take 
part in the Auger transition based purely on the observed changes in tlip 
Fe d-band [107]. The clean Fe (110) UPS spectra show a major and minor 
peak in the band at binding energies of approximately 0.6 and 2.7 eV. 
respectively [108]. As oxygen is adsorbed the UPS difference curves 
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show a decrease in the intensity of the 0.6 eV peak while the 2.7 eV 
peak does not appreciably alter in intensity until, at high exposures, 
the 2.7 eV peak becomes the dominant d-band feature. The peak at ~ 52 
eV can be explained in terms of an autoionization process [1071. ^auto 
= (Bgxc)3p " ^Sd -4' where if is the work function. For a clean surface 
of Fe, 3p electrons are raised to localized d states (3p^3d" -+ 3p^3d"+l 
-> 3p63dn-l + Ef) while for the oxide the excited state is a 4s state 
which is a quaslatomic one, sufficiently localized by the presence of 
the Incompletely screened 3p hole in the insulating oxide to take part 
in a direct recombination process and emit band electrons which are 
manifested in the peak above the Auger feature (3p^3d" -> 
3p53d"4s* -» 3p63dn-l + Ef). 
The thickness of each sub-layer can be estimated approximately by 
the calculated sputter rates from Eq. (47). The approximate thickness 
of the top Fe203-like sub-layer turns out to be less than ~ 6 A. It 
should be noted that the sputter time (~ 40 mln) for the maximum 
intensity of the ~ 67 eV Auger peak of Si in an Fe-slllcate (Figure 21) 
is located in the range of sputter times for a mixture of tri- and 
divalent Fe oxide. This overlap of the maximum distribution of 
internally oxidized Si with that for the aforementioned Fe oxide may 
Indicate that the predominant form of Fe-sllicate for our case is 
Fe2Si04 (fayallte), which is well known as a possible oxide phase for 
dilute Fe-Sl alloys [7,10]. 
In addition to the above depth profile data, my XPS data on Fe 
2p3/2 showed a 3.6 eV shift for the oxidized surface with 10^ L O2 with 
respect to the clean alloy surface, Indicating a mixture of Fe203 and 
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FeO for the form of "Fe oxide" beneath the Si oxide-rich top layer. 
According to Wagner et al. (109], the shifts for FeO and Fe203 are 2.5 -
3.5 and 4.0 - 4.4 eV. The tabulated shifts for FeO, Fe203, and Fe+2 and 
Fe+3 of FegO^ in Ref. [51] are 3.2, 4.2, 1.9 and 4.3 eV, respectively. 
Hawn and DeKoven's recent results [110] show 3.3, 3.9 and 4.2 eV after 
electron energy loss subtraction for the shifts for FeO, a-Fe203 and 
FegO^, respectively. No charging effect appears to be involved in the 
measurement of XPS spectra on the oxidized surface, because the peak 
position of the C Is line, which is usually employed for this purpose, 
was the same for the heavily oxidized (10^ L O2) surface as that from 
the unoxidized alloy surface. Since the electron energy loss spectra 
are known to distinguish Fe metal and its oxides much better than the 
core level XPS spectra, Fe 2p electron energy losses from bulk Fe203, 
bulk Fe304, and the naturally oxidized surfaces of the Fe-Si alloy and 
pure Fe were also investigated at Ep=2 keV. Especially for bulk oxides, 
structural and compositional changes have been frequently observed under 
ion bombardment at room temperature where a crystalline phase is 
converted into an amorphous or different crystalline phase of different 
composition. It was found for a multitude of oxides that oxygen is lost 
preferentially under ion bombardment if the decomposition pressure of 
the oxide at assumed thermal spike temperature is sufficiently high, or 
if appropriate surface binding energies, identified as partial or total 
heats of atomization, are sufficiently low (111). I did not try to 
remove completely the carbon contamination on the sample surfaces by 
etching in order to avoid this reduction to a lower oxidation state rUie 
to ion bombardment. The separation of the Fe 2p loss doublet instead of 
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the loss values of 2p^/2 or Zpi/2 themselves was compared to eliminate 
any charging effect induced for insulators (Table 3). "Fe oxide" on the 
Fe-Si alloys may be characterized as a mixture of Fe203 and a lower 
oxide. While the low-energy Fe Auger analysis indicates Fe203 on top, 
Fe 2p3/2 XPS and Fe 2p loss analysis shows Fe203 and a lower oxide. 
This difference is understandable in terms of different penetration 
depths, or IMFP. The IMFP of XPS Fe 2p3/2 and the penetration depths of 
Fe 2p losses are larger than the penetration depths of low energy Fe 
Auger peaks, therefore the inner, less-oxidized, "Fe oxide" layer can be 
picked up in the cases of Fe 2p3/2 XPS and Fe 2p loss analysis. This 
also confirms that the thickness of the Fe203 layer is small and that 
there are phase changes of Fe oxides from higher oxidation states to 
lower as we go through it. 
I believe that the process of initial oxidation and the factors for 
retarded oxidation rates on Fe-Si alloys can be suggested at this point 
(Figure 24). Si oxide on the top is one of the best network-forming 
oxides, which allows only anions to be mobile. A dlstiction between 
network-forming and modifying oxides can be observed at room 
temperature, even in monolayers of oxygen [33]. Schaeffer and 
Muehlenbachs [112] also pointed out that Si02 films are formed by the 
inward diffusion of oxygen, and measurements of the diffusion of Fe in 
amorphous Si02 [101] shows a negligible mobility of Fe at femperatures 
below ~ 900® C. Logani and Smeltzer [12], and Tuck [13] also indicated 
that outward flow of Fe ions is blocked by a Si oxide-rich layer. As 
Indicated in Figure 17 (the unoxidized Si L2^3W Auger peak disappears 
at an O2 exposure of only 1.5 L.), the steady-state thickness of Si 
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Table 3. Separation of Fe 2p loss doublet for the naturally oxidized 
samples 
sample ^91/2 ~ ^ P3/Z (sV) 
bulk-FegO^ 14.25 
bulk-Fe203 12.45 
native oxide of Fe-8.75% Si 13.21 
native oxide of pure Fe 13.56 
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Fig. 24. Schematic representations of the progress of initial 
oxidation (up to ~ 200 L O2 at room temperature) of Fe -
8.75% Si. (i) Thin "Si02"-rich external layer formation 
plus internal oxidation of Si at the beginning stage. 
Si-depletion zone due to the preferred oxidation of Si 
and its limited diffusion in the alloy, (ii) Subsequent 
formation of a mixture of divalent Fe oxide and Fe-
silicate by internally oxidized Si, and "FeO" 
incorporated by anions from above and cations from 
below, (iii) Changes of the top to a higher oxidation 
state, fayalite, due to anions from above, (iv) 
Subsequent changes of the outer regions of both layers 
to higher oxidation states due to anions from above 
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oxide should be small enough at room temperature to allow the mobile 
anions to reach the bottom of the Si oxide layer. Since the diffusion 
coefficient of Si in the alloy should be dependent on the oxidation 
temperature, probably the value of the critical bulk concentration of Si 
predicted by Atkinson [7} is changed with oxidation environment. 
Svedung and Vannerberg [10] indicated that this value is increased as 
the temperature decreases although the oxidation rate in air decreased 
with increasing bulk Si content at all temperatures [2J. If the amount 
of Si in the alloy is Increased, a Si oxide layer may build up 
"continuously" so that the movement of anions to the bottom of the Si 
oxide layer is retarded as predicted by Atkinson [7J. The anions which 
arrive at the bottom of the Si oxide now encounter mostly Fe cations and 
make a "divalent Fe oxide", more precisely, a mixture of divalent Fe 
oxide and Fe-silicate as Indicated above and suggested in Refs. [12,13]. 
FeO is a network-modifying oxide in which cations (Fe ions) are mobile 
and FegO^ is an intermediate oxide [36]. Therefore the growth of the 
divalent Fe oxide ("FeO") layer occurs at the Si oxide / "FeO" interface 
where anions from above and cations from below were incorporated. While 
the thickness of Si oxide was already saturated, the "FeO" layer keeps 
growing until its thickness is such that the arrival rate of Fe cations 
at the top of the "FeO" layer becomes low. After this movement, the 
only mobile ions are anions which come down across the Si oxide layer. 
These modify the top of the "FeO" to oxide of the highest oxidation 
state, i.e., trlvalent Fe oxide ("FegOg"). It should be noted that 
Fe203 is a network-forming oxide like Si oxide [36]. It is expected 
that eventually there is neither anion movement from above nor cation 
84 
movement from below to the reacting Interface and essentially no further 
oxidation except the extra local oxidation due to outward migration of 
Fe along grain boundaries. Therefore, the aforementioned reduction in 
oxidation rate of the alloy with respect to pure Fe may be explained by 
the blocking of outward diffusion of Fe in the pre-formed Si oxide-rich 
layer and the underlying mixed layer of trivalent Fe oxide and Fe-
silicate, reduction in 0 arrival rate into the oxide layer due to the 
combined thickness of top two network-forming oxide layers, and possible 
blocking of the alloy grain boundaries by the entire Fe-sillcate layer 
which is known to have a much smaller grain size than that of Fe oxide 
[5]. Recent studies on microstructures at the interfaces of alloy / 
oxide and oxide / environment and oxidation state changes across oxide 
layers on Fe-Si alloys can be found in Refs. [3,5,7,10]. All discuss 
thick oxides at high temperature on dilute (< 2 at% Si) alloys. Rivière 
and Crossley [3] show a duplex scale structure which is Si02-like at the 
bottom and like Fe^SlO^ at the top. Moseley et al. [5,8] also suggested 
a similar structure. As pointed out by Atkinson [7], oxidation states 
across oxide layers are expected to be quite different corresponding to 
the ranges of Si bulk concentration. Furthermore, different 
environments and exposures for oxidation also affect the oxidation 
process and the structure of resultant oxides. Tuck [13] found that, 
during an investigation of the oxidation of Fe-1.74at% Si alloy in the 
range 800-1000° C, whether the scale was protective or not depended not 
only on the Si level of the alloy but also on the oxidizing atmosphere 
used. Therefore, the investigations in the aforementioned references 
may not be compared directly with ours on Fe-8.75% Si at room 
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temperature although W; found similar oxide phases In a much thinner 
scale. 
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IV. SINGLE CRYSTAL STUDIES 
A. Experimental 
The alloy sample, kindly provided by F, X. Kayser, was annealed 3 
weeks at 1000° C. The annealed alloy showed no grain boundaries and 
gave a clear Laue back-reflection pattern to identify itself as a single 
crystal. According to the phase diagram [113] of the Fe-Si system, no 
significant bulk structural changes are expected for low-Si content, and 
it is generally assumed from magnetic measurements that Fe and Si are in 
solid solution with Fe atoms replaced by Si atoms. The atomic and 
covalent radii of Fe and Si, as well as the interatomic distances Si-Si, 
Fe-Fe, and Fe-Si in different chemical situations, are all nearly equal 
[114,115]. Therefore, Fe-Si alloys easily form single crystals in the 
concentration up to 26.9at% Si in which the spatial distribution of Si 
atoms in an Fe matrix can be considered to be homogeneous [21,22]. The 
sample was then oriented by the Laue back-reflection method, cut to 
appropriate size by a low-speed diamond saw and planed to within ±0.5° 
with a polishing goniometer for both (110) and (111) planes. The 
99.9+%-purity (110) oriented single crystal Fe specimen used in this 
study was furnished in the form of disk of 6 mm x 1.75 mm by Metron 
Inc., Allamuchy, NJ. All the single-crystal samples were 
electropolished at 50 V and -70° C for a few minutes in a solution of 6% 
HCIO4 and 94% methanol, then cleaned in trichloethane, acetone, and 
methanol in an ultrasonic cleaner. 
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All the experiments were carried out in the same Perkln-Elmer UHV 
system as in the polycrystal case, and all the AES spectra were taken at 
room temperature with Ep=2 keV and ig~3 MA. The incident angle of the 
electrons was ~ 0® with respect to the surface normal of the sample. 
For sputter-cleaning and AES depth profiling, Vjg = 2 keV and a 2 x 2 
mm^ raster were set, and ijg was controlled to be 400 nA and " 40 nA for 
sputter-cleaning before annealing and for AES depth profiling, 
respectively. The reasons for employing a raster are to minimize the 
chance of neighboring impurities' diffusing laterally into a probing 
point during annealing, and to produce a uniform and lower ion beam 
current density for maximum depth resolution in depth profiling. A PHI 
15-120 LEED unit was also used to identify the structures of annealed 
and oxidized surfaces. 
The in-situ preparation of a clean single-plane surface was done by 
Ar+ sputter-cleaning, and annealing at an appropriate temperature for 20 
min. Annealing temperatures were measured by means of a chromel-alumel 
thermocouple spotwelded onto the crystal plane which was spotwelded on a 
resistance heater, a 2 mil Ta sheet. Oxidation was monitored up to 200 
L, and the oxygen exposures were made at 6.0 x 10"^ (up to ~ 10 L), 1.5 
X lOrB (~ 10-100 L) and 4.0 x 10~® (~ 100-200 L) Torr in flowing gas of 
nominal purity 99.99% through a variable-leak valve while operating the 
ion pump. The oxidized surface at 200 L was Ar^ depth-profiled 
continuously to a saturation indicating the bulk crystal. 
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B. Results and Discussion 
1. Annealing 
The in-situ preparation of a clean single-plane surface is essential 
before proceeding with an investigation of the initial oxidation on this 
surface, because it has been known that impurities and contaminants near 
the surface affect strongly the oxidation behavior, rate and morphology, 
during the initial stage of oxidation [19,116-121]. It appears, 
however, that studies of initial oxide formation on surfaces known to be 
clean are of recent date, and as yet only a limited number of such 
studies has been reported. This cleanliness can be achieved by Ar+ 
sputter-cleaning, and annealing at an appropriate temperature and for an 
optimum time interval. Therefore, the optimum parameters of heat 
treatment, which provide the least amount of segregated impurities on 
the surface of crystals, should be found before oxidation experiments. 
Certain impurities such as carbon do not enter the oxide but remain 
at the metal surface at the interface with the early stages of metal 
oxide growth, and may change the oxide morphology 119,116,120]. In Fe-
Si alloys, especially, C surface segregation should be avoided as much 
as possible. Because of the strong repulsive interaction [4,26] between 
carbon and Si, which was found in the polycrystal studies to play a 
significant role for the retarded oxidation of Fe in Fe-Si alloys, even 
small concentrations of C in the bulk of the sample are able to displace 
Si atoms by C surface segregation. Along with the C enrichment at the 
surface, Si atoms are displaced from the surface layer (and maybe deeper 
layers) so that even the bulk concentration is no longer detectable in 
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the Auger spectrum, i.e., within the escape depth of Si Auger 
electrons. Even for very low bulk concentrations of C (<5ppm), C 
segregated to the sample surface and Si displacement was observed by 
Viefhaus and Rossow [A] on an ion-sputtered Fe-5.4at% Si (100) up to 
temperatures of about 400® C. An increase in sample temperature from 
450 to 480° C caused the segregated C atoms to dissolve back into the 
bulk and a simultaneous increase of Si surface concentration up to 
saturation. Bezuidenhout et al. [26] observed that the C surface 
concentration reached a maximum at about 490° C and a drastic drop 
occurred in the temperature range 500 to 600° C on Fe-10at% Si (110). P 
is known to cosegregate with Si due to the mutual attractive interaction 
[26,122]. Therefore P usually attains its maximum value at the same 
temperature (615° C for Fe-10at% Si (110) [26]) as Si. Nevertheless, 
the P cannot always segregate in the outermost layer but distributes 
spatially within the first few layers, from which Auger electrons can 
escape, without much change in the Si concentration in the outermost 
layer [21,22]. Sulfur also readily appears at the surfaces of both Fe-
Si and pure Fe single crystals during a heat treatment, as in other 
transition metals [15,21,22]. 
Annealing invokes another consideration before oxidation experiments 
on Fe-Si alloys. The equilibrium composition of an alloy surface is not 
necessarily Identical to j ts bulk composition; that is, one component of 
the alloy may segregate to its surface. This phenomenon is known as 
surface segregation [123]. For very dilute binary alloys, the surface 
concentration of the solute, Xg, is related to its bulk concentration, 
XB, by [124] 
90 
Xs XB 
1 - Xg - 1 - Xg 
,Q/RT (58) 
where Q is the heat of segregation. If Q is large and positive, then 
segregation should occur. Burton and Machlin [124] suggested that 
surface segregation is related to the equilibrium distribution of a 
solute in an alloy to its liquid, perceiving the similarity of a surface 
to a liquid in many of those aspects which differentiate both from a 
solid - lower symmetry, low coordination and no elastic strain. 
Therefore, segregation occurs in the solid / surface equilibrium so that 
the liquid Is richer in solute than the solid phase and the driving 
force for segregation is related to the separation between the solldus 
and the liquidus. Vlefhaus and Rossow [4] obtained a SI covered surface 
due to surface segregation of Si on Fe-5.4at% Si (100) by increasing the 
sample temperature to 500° C. Viljoen et al. [23] showed an 
unexpectedly large influence on the LEED pattern by the Si for Pe-lat% 
Si (ITO) ion-bombarded at 550° C followed by annealing for 20 min at the 
same temperature, which indicates Si enrichment of about a half-
monolayer coverage on the surface due to migration from the bulk. The 
superstructure they observed can be simply described as a c(7xl) 
structure, referring to a basic rectangular c-net of a x /2a, where a is 
the bulk-lattice constant of the bcc crystal. The process of Si 
segregation during an anneal of Fe-6.3at% Si (110) was described by Du 
Plessls and Viljoen [24] and Bezuidenhout et al. [28]. The Si 
segregated to a minimum surface concentration of 20at% [28] and the same 
7x1 surface structure was observed [24]. They [24] suggested two 
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processes by which Si atoms are allowed onto the surface, the initial 
bulk to surface diffusion process and the second process of nucleation 
or island formation, and estimated activation energies of 40.514.8 
kcal/mol and 114.3±14.3 kcal/mol for the respective processes. 
Bezuidenhout et al. [26] also showed the segregation results on an Fe-
10at% Si (110) single crystal. A c(7xl) structure LEED pattern was also 
observed after annealing at 615° C, and the eventual equilibrium surface 
coverage of 24at% Si was attained. 
My annealing results on Fe-6.85at% Si (110) and (111), and pure Fe 
(110) are given in Figures 25 to 27, respectively. Fe and L3VV, 
Si L2,3W, P L2,3VV, S L^pgVV, Cl L2,3VV, C KVV, N KVV, and 0 KW Auger 
peaks were monitored at room temperature immediately after heat 
treatment at each temperature for 20 min. For a given sample, the Fe 
L3W Auger peak intensity was quite constant at all annealing 
temperatures, as expected because the detected Fe L3VV Auger electron 
originates more in the bulk. Therefore, the various Auger peak 
intensities are given as ratios to the corresponding Fe L3VV Auger peak 
intensity in Figures 25-27 to minimize the possible temperature-to-
temperature and sample-to-sample fluctuations of Auger signals. The 
sputter-cleaned surfaces before an anneal showed no peaks (except a 
trace of C and 0) other than Fe- and Si-related peaks (only Fe-related 
peaks on pure Fe (110)), and the saturated peak intensities on sputter-
cleaned surfaces of each sample were quite reproducible. Si attained 
its maximum intensity around 300° C with the subsequent drop to about 
twice the sputter-cleaned value around 450° C for Fe-Si (110), while on 
Fe-Si (111), Si increased continuously with an inflection around 400° C. 
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The maximum concentrations of Si were observed at ~ 300" C with a ratio 
of 4.2 to the corresponding sputter-cleaned value and at ~ 660° C with 
5.5 for (110) and (111), respectively. C reached a maximum plateau 
around 465® C on Fe-Si (110), had a maximum around 435° C on Fe-Si 
(111), but C concentrations in both cases were less than ~ 5% (to Fe 
LW) in the entire temperature range. Large increases in surface 
segregation of P were observed above 440° C and 300° C for Fe-Si (110) 
and Fe-Si (111), respectively, but both had local minima around 570° C 
and 500° C. Pure Fe (110) showed very little C and F at all 
temperatures. Fe-Si (110) exhibited a fluctuation of S between ~ 7% (to 
Fe LW) to 0% up to 680° C, but S had a maximum of ~ 8% around 500° C 
and vanished around 660° C on Fe-Si (111). Pure Fe showed a quite 
different feature for S; S increased slowly up to 435° C and then 
rapidly increased. Fe-Si (111) and pure Fe (110) also had N 
segregation. N attained a maximum of ~ 4% (to Fe LW) around 300° C and 
disappeared above 500° C for Fe-Si (111), but achieved a maximum of 25% 
around 380° C on pure Fe (110). All samples also showed very low CI 
segregation. 
LEED measurements were also made to identify the structures of the 
annealed surfaces. LEED patterns on pure Fe (110) were c(lxl) patterns 
(the structure of the unreconstructed bcc (110) surface is designated, 
for simplicity, as a c(lxl) structure using the non-primitive centered 
rectangle unit mesh [15]) above 340° C, which is a normal non-faceted 
bcc (110) surface [15], while disappearance of the centered spots was 
consistently observed on Fe-Si (110) above 350° C. LEED measurements on 
Fe-Si (111) showed a centered hexagon pattern, a normal pattern from a 
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bcc (111), at low temperatures, but (2x1) patterns steadily above 430° 
C. 
The general repulsive characteristic between C and Si [4,26], and 
attractive one between P and Si (26,122] are also seen in my study. The 
temperatures for maxima of C and P on Fe-Si (110) are in good agreement 
with Bezuidenhout et al.'s results [26], but the temperature-
simultaneity for maxima of P and Si [26] is hardly seen on Fe-Si (110). 
The LEED patterns for both Fe-Si (110) and (111) may be understood when 
we consider that the LEED pattern for Fe-Si alloys is greatly influenced 
by Si-enrichment on the surface [23,24,26]. If every fourth row 
perpendicular to [110] directions on a (111) plane consists of 
segregated Si atoms placed between the four Fe atoms (IpejMW does not 
change much even with Si-enrichment, see Figure 26(a)), we can have 
(2x1) LEED patterns. The fact that the segregated Si atoms are added 
only in one direction may indicate steps on the (111) surface, which are 
parallel to that direction. The maximum surface concentrations of Si on 
both planes can be estimated easily on the basis of one of my 
observations in the previous polycrystal studies that the surface 
concentration on a sputter-cleaned surface of Fe-Si alloy is close to 
the bulk value. The maximum surface coverage of ~ 28.8at% Si is 
attained around 300° C for Fe-Si (110) and ~ 37.7at% Si around 660° C 
for Fe-Si (111), indicating less segregation on the close-parked planp. 
These values are somewhat higher than those suggested by Bezuidenhout; ft 
al. [28]. 
The best annealing-temperatures are usually determined by the 
following criteria; (i) the least impurities, especially C, on the 
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surface, (11) the surface composition that is closest to bulk 
composition, and (Hi) recovery of surface ordering. However (11) 
should be replaced for the following initial oxidation experiments by 
the condition of the largest amount of surface Si (the largest amount of 
Fe on the surface for pure Fe), because all the above conditions could 
not be met simultaneously with these alloy samples, and the oxidation 
resistance of a given Fe-Si alloy may be enhanced by increasing the 
surface Si concentration. Table 4 includes my suggestions on the best 
annealing conditions of each crystal. 
2. Initial oxidation and depth profiling 
The initial oxidation of Fe-6.85at% Si (110) annealed at 350° C (the 
best temperature) is described in Figure 28 in terms of the Intensity 
changes of the various Auger peaks. We monitored the 0 KVV, Si L2^3W 
and two Fe Auger peaks, M2,3W (the more surface-sensitive one) and 
L3W. An Fe autoionizatlon peak at ~ 52 eV [107], oxidized Fe 
Auger peak at ~ 45 eV, and two shifted Si peaks at ~ 66 eV and ~ 74 eV 
were also monitored. All the peak positions which appear here are for 
the negative peaks in the first derivative mode. Furthermore, C KVV, S 
^2,3^ and P peaks were checked during oxidation to see the 
effects on the oxidation process of a trace of initial impurities, which 
remain even after the best annealing. Very fast oxidation of the 
segregated Si atoms occurs, followed by oxidation of Fe in accordance 
with the previous results on polycrystals and that of Viefhaus and 
Rossow on a (100) oriented Fe-5.4at% Si single crystal at low 
temperatures, from room temperature to about 100° C [4]. The Fe 
Auger peak drops rapidly and disappears at ~ 90 L, but the Fe L3VV peak 
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Table 4. The best annealing conditions of Fe-6.85at% Si (110) and 
(111), and pure Fe (110) for the initial oxidation experiments 
Fe-6.85at% Si (110) Fe-Si (111) Fe (110) 
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time 
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is saturated at 0.35 where lFe",0 is the Intensity of Fe L3VV 
Auger peak at exposure (e)=0, due to the different escape depth (>10 A 
with respect to that of the Fe M2^3W Auger electron, ~ 4 A [4]). The 0 
KW Auger peak which has a similar escape depth to that of Fe L3W is 
saturated at ~ 104 L. For a semi-quantitative determination of the 
average stoichiometry of "Fe oxide" ("Fe oxide" in the Fe-silicate 
overlayer), which was found, in both the previous polycrystal and 
present (see below) studies, to change from its highest oxidation state 
at the top to the lowest at the bottom, we may simply apply the method 
of Davis et al. [76]. If we use the values for elemental Auger 
sensitivity factors given in Ref. [125] with a modification for Ep=2 keV 
employing Eq. (36), we obtain cpg/co=1.02, where c is the atomic 
concentration of the subscripted element, only suggesting an FeO-like 
phase. This implies that a "divalent Fe oxide" ("FeO") sublayer located 
at the bottom may prevail in the Fe-silicate overlayer. The Auger peak 
intensities of trace impurities, except P, stay constant all the way 
through oxidation, therefore we may conclude little interference with 
the normal oxidation of the Fe-Si alloy except for P. The constancy of 
intensities might be understood when we recall that certain impurities 
such as C do not enter the oxide but remain at the metal surface [19] 
and the oxide on Fe-Si alloys grows inwardly. An Fe autoionization peak 
at ~ 52 eV whose excited state for the oxide is a qnasiatomic 4s state 
[107] grows to saturation at ~ 120 L, and the intensity of the oxidized 
Fe Auger peak is increased as Fe M2^3W decreases so that it 
reaches saturation immediately (~ 100 L) after the disappearance of the 
Fe M2p3VV peak. Two shifted Si peaks were identified in the previous 
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polycrystal studies to be from Si in an Fe-sllicate layer which is built 
up just beneath the Si oxide-rich top layer. These peaks, as expected, 
emerge soon after the Si L2^3VV Auger peak disappears, and their 
intensities (larger for ~ 66 eV peak) are maintained fairly constant 
during the whole oxidation process, and, in AES depth profiling on a 200 
L-oxidized surface, are retained all the way with maximum intensities at 
a sputter-time of ~ 45 min until the beginning of the recovery of the 
clean bulk phase, which occurs at a sputter-time of ~ 85 min. In the 
case of polycrystalline alloys these peaks were barely seen on the 
oxidized (~ 200 L) surface and the 74 eV peak was, at best, in the form 
of a shoulder. This was also observed in the case of low initial 
surface Si concentration, independent of single crystal face. 
Therefore, this difference may be understood when we consider the 
increased amount of initial near-surface Si due to annealing and the 
corresponding increment near the surface of internally oxidized Si which 
is responsible for the formation of an Fe-silicate. 
Figure 29 shows the changes in line shapes and peak positions of the 
Fe M2,3VV Auger peak, and an Fe autoionization peak at - 52 eV during 
the initial oxidation of Fe-6.85at% Si (110) up to ~ 200 L. According 
to Seo et al. [105] pure Fe, divalent Fe, trivalent Fe, and mixed-valent 
Fe can be differentiated by the line shapes of, and energy difference 
between, two closely spaced peaks, the super-Cnster-Kronig Fe 
Auger transition and the Fe autoionization peak, although comparison of 
Auger spectra at low energies obtained from different types of 
spectrometers is expected to affect the absolute energies. The 
"divalent Fe oxide" ("FeO") feature appears at ~ 30 L of O2 and then the 
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spectra go through the "mlxed-valent Fe oxide" ("FegO^") shape. 
"Trivalent Fe oxide" ("Fe203") is found around 95 L and it saturates at 
~ 120 L. Therefore, gradual changes of "Fe oxide" in the Fe-silicate 
layer from its highest oxidation state ("Fe203") at the top to the 
lowest ("FeO") at the bottom are observed as in the polycrystalline case 
when we consider the aforementioned result, the average stoichiometry of 
"FeO". This top "trivalent Fe oxide" sublayer in the Fe-silicate 
overlayer is known to be a network-former [19,36) and to play an 
important role, together with the superficial Si oxide-rich layer, in 
the retarded oxidation of Fe. The aforementioned predominance of "FeO" 
in the Fe-silicate overlayer is also supported in AES depth profiling. 
When we monitored the Fe and its oxidized Auger peaks, and the 52 
eV Fe peak during depth profiling it was found that the Fe203 phase is 
passed in a sputter-time of only ~ 15 min. The oxidized Fe M2^3W Auger 
peak, however, disappears at around 85 min, and Fe M2^3VV is not 
recovered completely until as much as ~ 150 min. Even if we consider a 
doubled sputter rate for Fe203 with respect to FeO, the "divalent Fe 
oxide" sublayer at the bottom in the Fe-silicate overlayer is thick 
enough to show FeO-like as a whole. 
The retardation of the oxidation of Fe in a single crystal by the 
addition of Si might be determined by comparison of the various Auger 
spectra on Fe-6.85at% Si (110) with those on pure Fe (110) during the 
initial oxidation. The normalization used in Figures 30 through 36 was 
performed with the saturated Intensities of the Fe L3VV Auger peaks on 
sputter-cleaned surfaces before annealing to reduce the effects of 
possible temperature-to-temperature and sample-to-sample fluctuations of 
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Auger signals, and to correct for different bulk amounts of Fe in the 
alloy and pure Fe. An Auger intensity in Figures 30 to 36 is given as 
the product of its raw peak-to-peak intensity in mm, signal attenuation 
factor and normalization factor. Figures 30 to 32 present the changes 
of normalized intensities of 0 KW, Fe M2j3W and oxidized Fe 
Auger peaks up to 200 L on the best-annealed Fe-6.85at% Si (110) and 
pure Fe (110). In Figure 30, the saturated intensity of the 0 KVV Auger 
peak (IQJS) pure Fe (110) is larger and the O2 exposure for 0 KW 
saturation (g) is smaller compared to Fe-Si (110) or (111). A faster 
decrease of the Fe Auger peak intensity (Ipg) from a higher value 
can also be observed easily on pure Fe in Figure 31. Figure 32 shows, 
for pure Fe (110), a notably larger saturated intensity of the oxidized 
Fe M2^3VV Auger peak (Ipe',s) much smaller O2 exposure for oxidized 
Fe M2^3W saturation (Epg/^g). Table 5 outlines some quantitative 
comparisons. 
We may introduce two quantities to discuss the degree of retarded 
oxidation at the initial stage of a sample with respect to another. The 
retardation in the oxidized amount on sample A compared to B as measured 
from the intensity of Auger peak X may be described by 
Rx = 
iB 
X,S 
jA 
X,S 
T® ix,s 
(59) 
while the rate retardation can be approximated by 
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the best-annealed Fe-6.85at% Si (110), fe-6.85atZ Si (111) and pure Fe (110) 
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Table 5. Comparison of Fe oxidation-related quantities between Fe-
6.85at% Si and pure Fe (110) 
Fe-Si pure Fe Fe-Si / pure Fe 
CO
 406* 5873 69% 
GO,S ~ 104 L ~ 70 L 149% 
G at [l/2]lFe,ob ~ 9 L ~ 5 L 180% 
e at lFe=0 ~ 90 L ~ 27 L 333% 
Ipe', S 68^ 161% 42% 
Gpe', S ~ 100 L ~ 30 L 333% 
®In arbitrary units. 
blpgpO denotes Ipg at e=0 L. 
112 
Ry = 4 ,s^i,  S " 
,B . B 
ix,s/Gx,s 
(60) 
A ~ 30% retardation (RQ) on Fe-Sl (110) with respect to pure Fe (110) is 
estimated at a saturation within the Information depth of 0 KW Auger 
electrons (>10 Â) from the ratio of Io,S» while a ~ 60% retardation of 
oxidation for a near-surface region (Rpg,) from the ratio of Ipe'jS* 
far as the 0 KW Auger peak is concerned, a rate retardation (RQ) of ~ 
53% is observed, which indicates more retardation than the 
polycrystalline results. On the other hand, if we apply Eq. (60) to the 
oxidized Fe Auger peak, the oxidation rate turns out to be 
retarded (Rpg») as much as - 87%. These differences in both R and K can 
be understood in terms of much slower formation of a thinner high 
oxidation-state Fe oxide in the near-surface region of the alloy due to 
an inhibiting role of an external Si oxide-rich layer. 
Figures 30 to 33 also include the comparison between Fe-6.85at% Si 
(110) and (111), although the temperatures for optimal-annealing and 
correspondingly the surface Si concentrations before oxidation are 
different, i.e., 26.2at% Si on (110) at ~ 350° C and 34.3at% Si on (111) 
at ~ 550° C. Oxidation often depends on the crystallographlc 
orientation of the metal surface, especially at low temperatures, due to 
the different heats of solution of an ion in the oxide [33] or the 
different atomic packing densities, particularly for modifying oxides 
[36]. RQ and Eg on both (110) and (111) planes of the alloy with 
respect to pure Fe are almost Identical. A deviation is observed in 
Figure 32; smaller Ipg, with a delayed onset below ~ 100 L (Gpgr^g for 
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Fig. 33. Comparison of normalized Si L2 3W Auger intensities during oxidation on the best-
annealed Fe-6.85at% Si (110) and (111) 
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Fe-Sl (110)), and larger epgf^s (~ 150 L) and Ipe'jS (80 in arbitrary 
units). This deviation should be correlated with a different behavior 
of Si at the very first stage of oxidation on Fe-Si (111) (Figure 33) 
probably due to more initial surface coverage of Si (see the previous 
section). In spite of this stronger retardation at the early stage, the 
(111) surface eventually reveals the same or a little smaller degree of 
retardation in both R and K". This may result from the formation of a 
rather less close-packed oxide overlayer which is correlated with a less 
close-packed structure of its alloy substrate. While there is no 
reference available for substrate orientation effects on the initial 
oxidation of Fe-Si single crystalline alloy, Wagner et al. [17] reported 
rates of growth between 250 and 550° C to be (110) > (111) > (320) for 
pure Fe, and (001)^^^^^!|(001)pg and [llOJp^^Q^||[OlOJp^ as the 
predominant oxide orientation. Sewell and Cohen [126] showed by means 
of electron diffraction that at 200° C and below, the oxide is grown 
epitaxially on the (110) and (112) faces of iron. The aforementioned 
close identity of RQ and RQ on both single planes of the alloy might be 
also explained by a decreased crystallographic dependence [19] of the 
two top network-forming oxides (the Si oxide-rich layer and the 
underlying mixed layer of trivalent Fe oxide and Fe-silicate), where 
anions are the mobile species [36] and which play a significant role for 
a retarded oxidation of Fe in the alloy. 
It was known in the previous polycrystal studies that Si plays a 
significant role for the retarded oxidation of Fe in Fe-Si alloys during 
the Initial oxidation stage, and the initial near-surface amount of Si 
before oxidation is strongly correlated to the retardation degree of the 
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oxidation of Fe. As mentioned in the previous section, the surface Si 
concentration varies according to the annealing temperature. Therefore, 
I investigated this relationship between the initial surface Si 
concentration and the oxidation degree of the alloys, by studying 
initial oxidation up to 200 L on annealed surfaces at various 
temperatures. Figures 34 to 36 show the changes of normalized 
intensities of the 0 KW, Fe M2,3VV and oxidized Fe M2^3W Auger peaks 
during oxidation with up to 200 L on the annealed Fe-Si (110) surface 
which contains 6.85, 12.9, 14.5 and 26.2at% Si, respectively. As the 
Initial amount of Si is increased, it is found that Io,s smaller and 
Gg^g is larger. I can also recognize, on the whole, a faster decrease 
of Ipg, smaller Ipe'jS» larger eFe',S* Therefore, It is suggested 
that more Initial near-surface Si Induces further retardation of Fe in 
Fe-Si (110). Little difference in the retardation behavior between the 
12.9, 14.5 and 26.2at% Si cases may be explained by saturation of the 
total amount of Si on the surface (initial near-surface Si plus 
oxidation-induced Si) above a certain critical initial amount and the 
effects of excessive impurity cosegregation at non-optimum annealing 
temperatures, although I still can see the difference in the amount of 
unoxidlzed Fe clearly in the beginning stage of oxidation. This 
saturation around 12.9at% Si may be supported, despite the different 
environment of oxidation, by a recent observation of Adachi and Meier 
[2] that both Fe-9.0at% Si and Fe-35.8at% Si polycrystalllne alloys at 
1100° C developed a continuous crystalline Si02 (cristobalite) film 
during an exposure of 1 week under Poxy^^O'^ atm. Some quantities are 
summarized in Table 6. Considering the ratios of IQ^S ^Fe',S» R 
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Table 6. The initial surface concentration of Si on Fe-6.85at% Si (HO) 
versus Fe oxidation-related quantities 
6.85at% Si 26.2at% Si 26.2at% / 6.85at% 
Io,S 543a 406* 75% 
Go,s ~ 75 L ~ 104 L 139% 
E at [l/2]Ipe,ob < 0.3 L ~ 9 L 
e at lpe=0 ~ 27 L - 90 L 333% 
IPe'.S 84a 68* 81% 
Gpe',S ~ 30 L " 100 L 333% 
®In arbitrary units. 
^Ipe,0 denotes Ipg at e=0 L. 
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of about 25% for 26.2at% surface Si is observed with respect to 6.85at% 
Si. According to Eq. (60) RQ~46% may be identified, and Fpg,-76% in the 
rate of Fe oxide (high oxidation state) formation is also attained. The 
oxidized Fe M2^3W Auger peak Is more surface-sensitive than the 0 KVV 
Auger peak. Therefore, this discrepancy in IT may be Interpreted as an 
evidence for a thicker and/or denser Si oxide-rich top layer in the case 
of 26.2at% surface Si. 
V. CONCLUSION 
Thin oxide layers on polycrystalline Fe-8.75at% Si, and single 
crystalline Fe-6.85at% Si (110) (the close-packed plane) and (111) 
alloys were investigated by various surface spectroscopies, i.e., AES 
(including Ar^ and Xe"*" depth profiling), EELS and XPS, and LEED during 
the initial oxidation stage at room temperature under very low oxygen 
pressure. The rates of oxidation of polycrystals were determined to be 
retarded to approximately 40% the rate of pure Fe after exposure to 200 
L of O2. The retardation involves the blocking of outward diffusion of 
Fe, reduction in the inward arrival rate of 0 by the top two network-
forming oxide layers (the Si oxide-rich layer and the underlying mixed 
layer of trivalent Fe oxide and Fe-sllicate), and blocking of the alloy 
grain boundaries by the entire Fe-sllicate layer with grains of very 
small size (the work of others). The general features of initial 
oxidation on the single-crystalline alloys resemble those of the 
polycrystal alloys. Nevertheless, the Fe oxidation rate with respect to 
the corresponding single plane of pure Fe was retarded more by ~ 33% on 
(110), compared to the rate retardation of the polycrystal alloys with 
respect to the polycrystal pure Fe, probably due to the increased amount 
of initial near-surface Si induced from annealing, and elimination of 
crystal orientation and grain boundary effects. Comparison between 
(110) and (111) plane reveals only minor crystallographic dependence of 
initial oxidation on single-crystalline Fe-6.85at% Si, which may 
indicate a structural correlation between the substrate and its oxide. 
A general increase In the degree of retardation of the oxidation of Fe 
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in Fe-Si (110) was seen as the initial surface Si concentration 
Increases with a tendency toward a saturation at a higher surface Si 
concentration, ~ 13at% Si, above which little change in retardation was 
found up to ~ 26at% Si. It was found that the retardation in the 
formation rate of the oxide layer in the best-annealed single-
crystalline Fe-6.85at% Si varies as (110) > (111). None the less, the 
best-annealed Fe-6.85at% Si (111) shows a larger retardation than 
polycrystal Fe-8.75at% Si and Fe-6.85at% (110) with the least amount 
(12.9at%) of surface Si. 
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